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Abstract 
 
Herein, we study the contact damage performance of two armour ceramics, alumina and 
silicon carbide, with varying microstructures and one particle-reinforced ceramic 
nanocomposite, alumina/silicon carbide, in an attempt to understand the microstructural 
mechanisms that affect plasticity and cracking under quasi-static and dynamic conditions.  
 
Quasi-static contact damage was imitated using Vickers indentation over a varying load 
regime. Numerical analysis of the indentation size effect, performed using the proportional 
specimen resistance model, allowed the contributions of plastic deformation and cracking to 
be separated into two individual values. In all three samples, higher levels of surface energy 
were found to correlate with increased amounts of cracking per unit area of indentation 
impression. Analytical modelling of crack initiation during Vickers indentation together with 
quantitative measurements of surface flaw populations revealed that such an increase in 
cracking damage was the result of higher densities of larger flaws. The hardness of the 
monolithic ceramics was found vary based on grain size and porosity levels, a smaller 
average grain size and lower porosity levels resulting in higher hardness values. In the 
nanocomposite materials, hardening was found to occur with further additions of silicon 
carbide nanoparticles. Such an effect has been attributed to the increased dislocation 
densities, as measured using Cr
3+
/Al2O3 fluorescence spectroscopy, and the impedance of 
dislocation movement within the lattice due to the presence of silicon carbide nanoparticles. 
 
In order to simulate dynamic contact damage, a low velocity, scaled-down drop-weight test 
was designed and developed. The dynamic contact damage resistance was determined based 
on the depth of penetration of a blunt indenter. In the monolithic ceramics, the indenter 
penetration was found to be shallower in materials of higher hardness. However, the 
nanocomposite materials displayed an opposing trend, the indenter penetration becoming 
deeper in the samples of higher hardness. The macro-scale fracture patterns produced during 
drop-weight impacts were seen to vary based on flaw populations and indenter penetration. In 
certain microstructures, extensive micro-cracking was also observed. 
 
Keywords: alumina; silicon carbide; nanocomposites; quasi-static loading; dynamic impacts; 
drop-weight tests; hardness; cracking damage.
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Chapter 1 – Introduction 
 
1.1 – Background 
 
Ceramic materials as the front-plate of modern composite armours are set to continue long 
into the future as such systems are continually developed and optimised in order to maximise 
performance, enhance efficiency and prolong product lifespans. Appropriately, given the task 
is to absorb as much energy at the point of impact as possible, thereby reducing projectile 
penetration and improving multi-hitting capability, and to increase the contact surface with 
that of the back-plate by eroding the projectile head [1], ceramics seem like the ideal 
material, owing to their high hardness, superior compressive strengths, excellent abrasion 
resistance and low density. However, traditionally, ceramics are brittle in nature and under 
most forms of external loading preferential fail via catastrophic fracturing. This can cause a 
plethora of problems in testing the mechanical performance of these materials, especially at 
high strain rates due to the pressures and stresses imparted during such impacts. It is 
generally acknowledged that the mechanical performance of any ceramic is largely dictated 
by its resistance to contact damage, a complex property that encompasses the two primary 
mechanical responses of brittle solids, plastic deformation and cracking. At a quasi-static 
level, this is often achieved by employing sharp-contact indentation techniques i.e. Vickers or 
Knoop indentation, which involves penetrating the polished surface of a material with a 
loaded diamond indenter of a predetermined configuration. Here, for most ceramics, plastic 
deformation is often accompanied by cracking. Based on the size of the residual impression 
or the length of propagating corner-cracks, the respective mechanical properties of hardness 
and, until recent criticism of the technique [2, 3], fracture toughness may be determined. 
Despite the derived information from such techniques being of great importance for assessing 
ceramics and the extensive knowledge and understanding of the physics involved in quasi-
static testing, changes in strain rate can dramatically alter the behaviour of ceramics as 
mechanisms of failure transition from being deformation-dominated to fracture-dominated 
[4]. Whilst many believe that high hardness and fracture toughness values can equate to 
better armour performance [5, 7], the complexities of such contacts, caused by the high 
energy densities and the stress wave that travels through the sample on impact, means that the 
contact damage resistance at low strain rates is incomparable to that at high-strain rates [6, 7]. 
As such, we are unable to use such information in making suitable selections of ceramics for 
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any applications that subject them to ballistic-scale damage. Currently, for the purposes of 
making such selections, the performance of ceramics is evaluated largely through empirical-
based testing that attempts to simulate real-world conditions i.e. split Hopkinson pressure bar 
tests (SHPB) or ballistic testing. This is a financially costly and labour-intensive process that 
requires proficiency in machining in order to fabricate samples that meet the dimensional 
specifications necessary to avoid any geometric effects [8, 9, 10], the length-to-diameter ratio 
as well as the sample shape both playing a key role in limiting inertia-induced stress wave 
concentrations during dynamic testing. In addition, such a method requires the capacity to 
interpret the results, as the data generated can be vast and requires in-depth analysis. It also 
frequently results in catastrophic failure of the samples, which invariably involves some form 
of reconstructive fragment analysis, another time-consuming process that requires extensive 
expertise and knowledge. 
 
Consequently, given the aforementioned difficulties, little research exists that attempts to 
understand how the microstructural features of ceramics influence the contact damage 
resistance and, ultimately, the performance of ceramics for high strain rate applications. The 
majority of material selection tends to involve a choice between different ceramics or 
different processing routes, rather than tailoring the microstructure for a specific need. 
However, a viable solution may be to “bridge the gap” between quasi-static indentation and 
full-scale ballistic testing through a process of dynamic damage. According to Field et al, 
strain rate regimes are classified (in reciprocal seconds) as follows; creep and stress 
relaxation (10
-8
-10
-4
); quasi-static (10
-4
-10
0
); dynamic (10
0
-10
4
); and ballistic (10
4
-10
8
) [11]. 
As demonstrated, dynamic-scale impacts can involve strain rates similar to that of quasi-static 
indentation techniques and thus provide the convenience of such testing, but remain very 
different in as much as, like ballistic-scale impacts, they are inertia dependent [11] and far 
more complex due to the progressive waves, which can cause further damage beyond that of 
the physical contact [9, 10]. 
 
Based on such considerations, we have adopted a low-load, scaled-down drop-weight (DW) 
test setup, designed to imitate dynamic damage. Incidentally, such tests, performed at strain 
rates estimated to be within the dynamic range and using a blunt indenter head, revealed a 
residual crater of marked depth on the surface of various ceramics. This appreciable form of 
ductility is uncharacteristic of ceramics and, therefore, of fundamental interest to scientists 
and engineers alike. Under quasi-static conditions, blunt contacts typically require much 
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higher loads in order to generate such an impression [12, 13, 14, 15]. Consequently, these 
impacts may be considered beyond quasi-static and could provide us some insight into the 
dynamic damage mechanisms that facilitate the generation of such an impression. In addition, 
such DW impact tests may present us with a way of measuring the dynamic performance of 
ceramics, data that could act as a stronger foundation from which ceramics are appraised for 
high-strain rate applications.   
 
In this study, we employ DW impact tests in combination with conventional quasi-static 
Vickers indentation to evaluate the resistance to contact damage of different alumina and 
silicon carbide ceramics hosting a range of contrasting microstructural features i.e. grain 
shape, grain size, porosity levels, etc. as well as alumina/silicon carbide nanocomposites 
containing varying volume percentages of silicon carbide nanoparticles. In doing so, we aim 
to improve our understanding of how changes in the previously described microstructural 
features and/or the introduction of nanodispersants affects the contact damage resistance of 
those materials at quasi-static and dynamic strain rates. 
 
Whilst, throughout this report, we will talk about contact damage in the contexts of armour 
ceramics, the principles reported herein are applicable to a range of alternative applications, 
such as dental and prosthetic implants (Al2O3, Al2O3-ZrO2), wear- and impact-resistant inner 
linings of plastic tubing (Al2O3), bearings (Si3N4) and gaskets (Al2O3, Si3N4, SiC), nose-cone 
shielding for ultrasonic aircraft designed to protect against particle damage (HfB2, ZrB2), and 
many others. 
 
This thesis is divided into the following sections: Chapter 2 is a review of the current 
literature, detailing the damage activated during different experimental techniques at varying 
strain rates and providing an overview of the materials tested as well as the effect the 
aforementioned microstructural features have on the mechanical properties of ceramics. 
Chapter 3 outlines the experimental procedures used throughout the project and includes full 
descriptions of the 3D optical microscopy, fluorescent optical microscopy and Cr
3+
/Al2O3 
fluorescence spectroscopy used to characterise the residual impressions generated by the DW 
tests. Chapters 4, 5 and 6 present the results of quasi-static indentation tests and dynamic DW 
impact tests on alumina of varying grain heterogeneity, silicon carbide of varying grain 
heterogeneity and process routes, and alumina/silicon carbide nanocomposites of varying 
silicon carbide content respectively. The results are also discussed and summarised in each of 
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these chapters. This is then concluded in Chapter 7 along with some final suggestions for 
future work in Chapter 8. 
 
1.2 – Aims and Objectives 
 
To summarise, the main aim of this work is to understand how modifications made to 
different ceramic microstructures affects the contact-induced plasticity and cracking damage 
response under quasi-static and dynamic conditions. In doing so, we intend to explore: 
 
1. Whether scaled-down DW tests can provide a way of quantitatively assessing the 
performance of ceramics intended for higher strain rate applications. 
2. Which microstructural features affect the quasi-statically derived properties and what 
are the mechanisms involved. 
3. The possibility of any relationships between the quasi-statically derived properties of 
ceramics and the dynamic performance. 
 
The overall aims will be accomplished through the completion of the following objectives: 
 
1. Developing an appropriate methodology in order to characterise both the contributions 
of cracking and plastic deformation to the residual impressions generated on the surface 
of the ceramics. 
2. Exploring and evaluating the significance of some lesser measured quasi-static 
properties, such as grain size, flaw populations, pores size and shape, on the quasi-static 
and dynamic damage observed in ceramics, as well as the some of the more common 
mechanical properties i.e. hardness, fracture toughness, etc.  
3. Identifying the determining damage parameters relevant to each case and defining the 
relationships through a combination of analytical models. 
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Chapter 2 – Literature Review 
 
2.1 – Contact Damage of Ceramics 
 
In order to understand how different ceramics and ceramic microstructures respond to 
contacts at varying strain rates (10
-5
-10
8
 s
-1
), researchers have adopted a number of different 
techniques to imitate the contact damage process. These include sharp/blunt contact 
indentation techniques, compression tests, gas gun tests, split Hopkinson pressure bar, Taylor 
impacts, and full scale ballistic tests [11]. Despite their distinct dissimilarities, all these forms 
of contact damage induce the two primary mechanical responses of any ceramic, plastic 
deformation and cracking. In this section, definitions of the previously listed forms of contact 
are given together with a brief overview detailing the primary failure mechanisms of 
ceramics under each of the respective damage modes. Where possible, well-established 
models are introduced and discussed, particularly those describing the stress state about the 
indenter/projectile interface. For the purposes of composing a clear and concise critical 
evaluation of the literature, alumina will be used as a model material from which we discuss 
the deformation and damage generated during any of the aforementioned testing methods. 
 
2.1.1 – Quasi-Static Loading (10-5 – 100 s-1) 
 
Static-loading is the action of applying a constant, external force to a solid body, where the 
rate at which the force is applied is slow enough for the inertial effects to be zero. However, 
because of the impracticalities of this, the word “quasi”, meaning partly or almost, has been 
adopted as a prefix to indicate that, whilst the inertial effects imparted may not be exactly 
zero, they are near enough to be negligible [11]. For many engineering applications, these 
types of contacts are common. However, monolithic ceramics are sparsely used as load-
bearing materials, a consequence of their low intrinsic toughness [14]. Nevertheless, quasi-
static loading, in the form of indentation or compression tests, is the foundation from which a 
multitude of mechanical properties are determined i.e. hardness, fracture toughness, Young’s 
modulus, compressive strength, etc. As such, the contact damage introduced during such a 
process is of fundamental interest to academics and engineers alike, hence, the amount of 
research in this area is extensive. 
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2.1.1.1 – Sharp-Contact Indentation 
 
2.1.1.1.1 – Types of Sharp-Contact Indenter Geometries 
 
Table 2.1: Comparison of different sharp contact indenter geometries [16, 17]. 
Method of 
Testing 
Impression 
Shape 
Description Contact Area 
Hardness 
Formula 
Vickers 
 
Square 
pyramid with a 
centreline-to-
face angle of 
68° 








2
136
sin2
2

d
A  
2
854.1
d
P
HV   
Knoop 
 
A diamond 
pyramid with a 
centreline-to-
face angle of 
86.25° in one 
direction and 
65° in the 
other. 








2
130
tan
2
5.172
cot2
2

d
A  
2
23.14
d
P
H K   
Berkovich 
 
A triangular 
pyramid with a 
centreline-to-
face angle of 
65.3° 
)2/3(3aA   )2/3(3a
P
H B 
 
 
Originally developed for ductile metals and soft minerals [18], sharp-contact indentation 
techniques have been a convenient and universally accepted method to ascertain multiple 
mechanical properties in modern ceramics which characterise their resistance to deformation, 
densification and fracture [19]. Such a process involves penetrating the polished surface of a 
material with a loaded diamond indenter of a predetermined configuration. The most 
common mechanical property determined using this method is the hardness, also known as a 
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materials resistance to plastic deformation. In general, the hardness, H, is substantiated as a 
ratio of the applied load, P, to the resultant contact area of the residual impression: 
 
      
2d
P
H                (2.1) 
 
where d accounts for the dimensions of the resultant indent in mm, which is measured 
differently depending on the indentation method employed, and α is a constant contingent of 
the shape of the indenter. Indentation geometries of Vickers, Knoop and Berkovich are the 
most well-established for brittle solids such as ceramics, details of which are provided in 
Table 2.1. 
 
Of the three indenter geometries listed, the Vickers was the first to be established in 1916 
[ 20 ]. However, criticisms of the Vickers indenter depth profile eventually led to the 
development of alternative indenter geometries [18]. The Knoop, for example, whilst having 
a longer length, has a shorter depth profile, designed to minimise cracking in brittle materials 
[21, 22, 23]. Meanwhile, the shape of the three-faceted Berkovich has been optimised to 
ensure a sharper tip, the four-sided Vickers and Knoop both exhibiting a ridge of about 0.5 
µm wide [18, 24 ], as shown in Fig. 2.1(a-b). Consequently, the Berkovich indenter is 
particularly useful across low load indentation regimes like those typically employed in 
nanoindentation [17].  
 
(a) 
 
(b) 
 
 
Fig. 2.1: SEM images of the tips of (a) Berkovich, and (b) Knoop indenters used for 
indentation testing [17]. 
 
Chapter 2 – Literature Review 
8 
 
Nevertheless, in engineering and research, Vickers indentation remains the most commonly 
cited testing technique. It has been estimated that approximately 60% of hardness research 
papers employ this method [19]. 
 
2.1.1.1.2 – Sharp-Contact Indentation Stress Field 
 
The stress field about a point-loaded indenter is a complex one, comprising of a plastic 
deformation zone surrounded by an elastically strained region. Whilst several approximate 
models have been provided [25, 26], the approach of Yoffe [27] seems to be the most 
accepted. Here, the elastic stress field is described by the classic Boussinesq solution [28] for 
a point load on the flat surface of a linear elastic, isotropic, homogeneous, semi-infinite half-
space. Calculations of these stresses are given in spherical polar coordinates below: 
 
                          

 cos2221
2 2
vv
r
P
r                                     (2.2) 
                               
 
 



cos1
cos21
2
2
2 


v
r
P
                                 (2.3)                            
                        












 
cos1
1
cos
2
)21(
2r
vP
                                   (2.4) 
                              
 
 


 
cos1
cossin
2
21
2 


r
v
Pr                      (2.5) 
 
where  is the angle between the loading axis and the radial direction, r,  is the 
circumferential angle around the indentation direction and ν is the Poisson’s ratio. The 
coordinate r as well as the load, P, are always input as positive quantities. For all the stresses, 
a negative value indicates compression and a positive value indicates tension. Although the 
results obtained from the spherical polar coordinate system are in a convenient form, analysis 
of the stress distributions using these equations can be somewhat problematic. Therefore, it is 
common practice to use the cylindrical polar coordinate system. The stress components of the 
Boussinesq solution in this form are given below [29]: 
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    



















2/522
2
2/12222
31
)21(
2 zr
zr
zrr
z
r
v
P
r

                        (2.6) 
        
    











2/3222/12222
1
21
2 zr
z
zrr
z
r
P


                       (2.7)                            
                                
  2/522
3
2
3
zr
zP
z



                                                (2.8) 
                                
  2/522
2
2
3
zr
rzP
rz



                                (2.9) 
 
where the coordinate z is always positive. Based on these equations, plots of the principal 
normal stress contours are provided in Fig. 2.2(a-d) and stress trajectories in Fig 2.3(a-b).  
 
(a) 
 
(b) 
 
(c) 
 
(d) 
 
 
Fig. 2.2: Boussinesq field for principal normal stresses plotted for P = 100N and v = 0.26. 
Distances r and z are in mm. (a) σ1, (b) σ2, (c) σ3 and (d) τmax [29]. 
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(a) 
 
(b) 
 
 
Fig. 2.3: Principal stress trajectories (a) σ1 and σ3 (b) τmax [29]. 
 
A limitation of the ideally elastic contact of the Boussinesq solution is the rapidly increasing 
stress at the pointed-indenter tip with decreasing indenter radius, leading to an implied stress 
singularity (r = 0, p0 = ∞). In reality, nonlinear, inelastic deformation (plasticity) occurs to 
relieve the stress concentration by distributing the load over a non-zero contact area. Yoffe’s 
model accounts for this by superimposing an adapted version of the expanding cavity model 
of Johnson [30], an indentation plasticity model, with the linear elastic model of Boussinesq. 
In Johnson’s model, directly underneath the indenter there is an incompressible, hydrostatic 
core which is subjected to an internal pressure. This core is surrounded by a hemispherical 
plastic zone.  
 
 
 
Fig. 2.4: A schematic of Johnson’s expanding cavity model. The hydrostatic “core” with a 
radius of ac is surrounded by a hemispherical plastic zone with a radius of c. Further indenter 
penetration of dh leads to an expansion of the core da and the radial movement of material 
du(r) at the core boundary, resulting in an increase in the radius of the plastic zone by dc [30]. 
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As shown in Fig. 2.4, variations in the indenter penetration depth and, thus, the size of the 
resultant impression are facilitated by the radial displacement of material at the core/plastic 
boundary. Yoffe modified this concept to include the influence of the specimen free surface, 
resulting in what she referred to as a “blister” type field. Here, the plastic zone is limited by 
the boundary of contact between the indenter and the solid surface. In Fig. 2.4, this would 
mean that the plastic/elastic boundary would be located at a + da. During indentation, the 
contact pressure, p, is assumed to be uniform and approximately equal to hardness of the 
indented material. As shown in Fig. 2.5, the elastically deformed material surrounding the 
plastic zone will resist expansion by applying an opposing compressive force near the free 
surface. In this case, the principle elastic stresses outside the plastic zone are given by: 
 
                                      





 7cos19cos71
4
2
32



r
B
r
P
r                       (2.10) 
                                              







 




2
3
2
2
cos
cos1
cos
4 r
B
r
P
           (2.11) 
                                 












 




2
32
cos32
cos1
1
cos
4 r
B
r
P
                     (2.12) 
                 







 



  cossin5
cos1
cossin
4 32 r
B
r
P
r           (2.13) 
 
where B is a constant measuring the strength of the field. Yoffe estimated that for a 
hemispheric plastic region the value B=0.06pa
3
 was a fair average value. In regards to the 
stresses within the plastic zone, these are said to decrease at 1/r
3
. Consequently, the centre of 
compression is highly localised and therefore cannot be used to represent the stresses at the 
plastic/elastic boundary, as is done in the expanding cavity model i.e. there is no hydrostatic 
core.  
 
(a) 
 
(b) 
 
 
Fig. 2.5: Effect of blister field on the hemispherical cavity: (a) radial stresses, and (b) shear 
stresses [27]. 
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Despite other models, employing numerical integration, outputting results that are 
comparatively more accurate [26], the  popularity of the Yoffe model is justified based on the 
fact that it can still provide a great deal of insight into the nature of any indentation stress 
field and can be applied to most situations with relative ease. 
 
2.1.1.1.3 – Sharp-Contact Indentation-Induced Plasticity 
 
 
 
Fig. 2.6: A TEM image of a dense dislocation region in polycrystalline alumina taken by 
Hockey directly underneath the indenter-alumina contact interface [46]. 
 
By the early 1960s, it had been well-established, largely through the almost simultaneous 
works of Taylor [31, 32, 33], Orowan [34], and Polanyi [35], that plastic deformation in 
ductile metals was facilitated by the nucleation of shear-induced dislocations in the lattice, a 
concept first developed by Volterra in 1907 [36]. However, due to the strong ionic and 
covalent bonding of ceramics, at the time, room temperature plasticity in ceramics was 
considered improbable. Consequently, the majority of initial sharp-contact indentation studies 
in ceramics were performed at high temperatures (750-1900 °C) and above what was 
described as the “brittle-ductile transition point” [37], where dislocation activity was thought 
to be more feasible. In most of this work, the hardness, also referred to as the “hot-hardness”, 
was shown to drop with increasing temperature [37, 38, 39, 40, 41, 42, 43, 44, 45]. This was 
found to be the case irrespective of the indenter geometry employed i.e. Vickers [37, 39, 42] 
or Knoop [38, 39], and regardless of the adoption of mutual hardness testing, where, as 
opposed to modern diamond indenters, the indenter was composed of the same material as 
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that being tested [37, 40]. Atkins suggested that such a trend could be attributed to an 
increase in the ease of dislocation movement resulting from a reduced Peierls stress with 
higher indentation temperatures, a proposition generally agreed upon in later studies [42, 45]. 
A transmission electron microscopy (TEM) study by Hockey was the first to experimentally 
demonstrate the activation of dislocations in ceramics after sharp-contact indentation at room 
temperature [46]. Here, observations on polycrystalline alumina and single-crystal sapphire 
revealed extensive basal and non-basal dislocations [47] as well as rhombohedral [48, 49] and 
basal micro-twins [47, 49]. As shown in Fig. 2.6, the highest dislocation densities were found 
near the indenter-alumina contact interface, where densities were so great that individual 
dislocations could not be resolved. Further room temperature indentation work by Hockey 
and co-workers also confirmed the nucleation of dislocations in other brittle materials, 
including silicon carbide [50, 51]. It was later demonstrated through nanoindentation that 
such plastic flow is triggered in alumina and silicon carbide at loads as low as 2 mN [52].  
 
2.1.1.1.4 – Sharp-Contact Indentation-Induced Fracture 
 
One question posed by Hockey in his original paper was whether dislocations introduced 
during the indentation process could facilitate cracking, a concept first proposed in brittle 
metals by Zener [53], but that was later quantitatively analysed by Stroh [54] and Cottrell 
[55]. The Zener-Stroh-Cottrell models all involved dislocation pile-ups, but adopted variant 
mechanisms by which such defects acted as localised flaws from where cracks could initiate 
and propagate to form large macro-scale crack patterns.  
 
(a) 
 
(b) 
 
  
Fig. 2.7: Micro-cracks (white arrows) in indentation zone in sapphire at: (a) a basal twin 
interface near the impression edge, and (b) an intersection point between a twin (red arrows) 
and slip faults (yellow arrow) [56]. 
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Through the use of TEM, Chan and Lawn explored the possibility of such a mechanism in 
single-crystal sapphire [56], specifically focussing on the micro-fracture that occurs directly 
underneath the indenter. As shown in Fig. 2.7(a-b), it was discovered that micro-cracks had 
formed preferentially along both slip and basal twin interfaces. Chan and Lawn specifically 
noted the intersecting points between twin and slip planes as particularly favoured sites for 
crack nucleation. It was concluded that these incipient flaws may also facilitate the 
development of larger cracks that extend beyond the plastic region and into the elastic zone. 
 
(a) 
 
(b) 
 
(c) 
 
(d) 
 
 
Fig. 2.8: Macro-scale crack systems typical exhibited by Vickers indentation: (a) radial 
cracks, (b) lateral cracks, (c) median cracks, and (d) half-penny cracks [29]. 
 
Up until the 1970s, the majority of investigations into the macro-scale cracks that form 
during sharp-contact indentation tests were largely observational [57, 58], with soda-lime-
silica glass being the material of choice [ 59 ]. Over the course the next two decades, 
researchers, many of which were pioneers in the area of indentation fracture mechanics, 
attempted to understand what types of cracks develop, how they initiate, and in what 
sequence. As shown in Fig. 2.8(a-d), the macro-scale crack patterns commonly associated 
with Vickers and Knoop indentation tests in brittle materials were categorised into four main 
crack systems: 
 
1. Radial cracks (Fig. 2.8a) – These were first documented in brittle materials (WC-Co) 
by Palmqvist in 1957 [60], who noted remnant cracks emanating from Vickers, 
Knoop and spherical indents. We now know that these are shallow half-penny surface 
cracks (sometimes referred to as “Palmqvist cracks”) that extend downwards into the 
tested sample. Typically such cracks are found at the corners of a residual diamond 
indent. However, there are many exceptions whereby radial cracks are found located 
along the edges of the impression, but not necessarily at the corners [61], also called 
“secondary radial cracks” [59]. Despite some early reports of radial cracks initiating 
in glass at the unloading phase [59, 62], a collection of works by Lankford and 
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Davidson confirmed the development of radial cracks in polycrystalline alumina [63, 
64] and silicon carbide [63, 64, 65] during loading of the indenter, the generation of 
such radial cracks resulting from the tensile hoop stress, σθ, about the indenter i.e. θ = 
π/2. Until recent criticism of the technique [3], the lengths of these cracks have been 
used to determine the fracture toughness, KIC, of ceramics most commonly based on 
the model of Anstis et al [61]. 
 
2. Lateral cracks (Fig. 2.8b) – Originally described as “vent cracks” by Lawn and co-
workers [50, 66, 67, 68], these are horizontal cracks that develop underneath the 
hemispheric yield region, see Fig. 2.9. Lateral cracks arise during the unloading of the 
indenter [66, 69] and are caused by a tensile stress, σr, in the axial direction which 
results from the elastic top surface pulling away from the immovable base of the 
permanent deformation zone during elastic recovery [66, 70]. In some cases and often 
at high indentation loads, these cracks will propagate to the surface, leading to 
chipping of material near the edges of the indent [29, 71].  
 
 
 
Fig. 2.9: SEM image of median (white arrows) and lateral (red arrows) cracking in a cross-
sectioned Knoop impression in quartz (0001) surface [66]. 
 
3. Median cracks (Fig. 2.8c) – The first real evidence of median cracking during 
indentation was presented by Lawn and Swain [66], who employed a novel 
observational technique to make an in-situ analysis of the indentation process. These 
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median vent cracks were described as vertical penny-shaped cracks that, as shown in 
Fig. 2.9, developed underneath the yield region and along the plane of symmetry 
containing the contact axis during loading. Similar to the surface radial cracks, 
median cracks also form due to a tensile hoop stress, σθ, but where the force is exerted 
circumferentially about a fixed axis parallel to the surface i.e. θ = 0 [72]. 
 
4. Half-penny cracks (Fig. 2.8d) – This type of crack is the merger of a median crack 
with that of a radial crack as it extends outwards and upwards towards the surface 
[73]. The driving force for such a process is the residual stresses about the plastic 
region [74].  
 
The stages in which each of the aforementioned crack systems initiate and propagate is highly 
sensitive to the loading conditions as well as the material being tested [29]. However, Lawn 
and Swain have composed a general order based on their observations in various transparent 
materials (silicon, quartz, fused silica, soda-lime glass, and others) [66]. As depicted 
schematically in Fig. 2.10(a-f), crack propagation events are as follows: 
 
1. Initial loading: A sharp-tipped indenter penetrates the ceramic surface and produces a 
hemispheric zone of inelastic deformation. 
2. Crack initiation: At a critical threshold, the median crack will initiate at a flaw of the 
highest stress concentration. This flaw may be deformation-induced based on the 
observations made in [56].  
3. Stable crack growth: During indentation dwell, the median crack continues to extend 
further due to the elastic stresses that are maintained during this period. 
4. Initial unloading: As the contact pressure is released, the median crack begins to 
close, but does not heal. 
5. Complete unloading: On full removal of the indenter, elastic recovery of the material 
facilitates subsurface lateral cracking. 
6. Post unloading: Lateral/radial cracks may continue to propagate due to the residual 
stresses caused by the permanent deformation. As mentioned previously, for the 
lateral cracks, this may lead to surface chipping.  
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(a) 
 
(d) 
 
(b) 
 
(e) 
 
(c) 
 
(f) 
 
 
Fig. 2.10: The evolution of median and lateral crack patterns during loading (+) and 
unloading (-) of a sharp-contact indenter. The darkened semi-circle directly underneath the 
indenter represents the plastic zone, whilst the droplet-like darkened regions in the 
surrounding areas of (a) and (f) indicate the location of residual stress fields from which 
radial cracks develop and possibly a half-penny crack [75]. 
 
One of the limitations of this sequence is that it fails to mention the point at which radial 
cracks develop. Lankford and Davidson addressed this issue by monitoring the acoustic 
emissions of cracking during indentation [63]. By correlating the data with observations 
made in various ceramics, including alumina and silicon carbide, it was concluded that radial 
cracks initiated first and prior to any median cracking. Meanwhile, the tests confirmed the 
formation of lateral cracks during unloading.  
 
2.1.1.1.5 – The Indentation Size Effect 
 
In the above review, the size of the residual impression that is generated after indentation is 
assumed to vary proportionally with increasing/decreasing load. If this was true, than the 
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measured hardness should be the same irrespective of the loading conditions. However, it has 
been reported in numerous investigations that by increasing the load applied through the 
indenter, a notable decrease in the calculated hardness can be observed [76, 77, 78, 79, 80, 
81, 82, 83]. This apparent load-dependency in the eventual hardness values is referred to as 
the indentation size effect (ISE).  
 
As a result of the ISE phenomena, hardness values are generally considered to be only an 
indication of a material’s resistance to plastic deformation. Therefore, caution has always 
been given when comparing hardness values calculated from indents made at different loads. 
This stems back to some of the earliest investigations on the hardness of ceramics. Koester 
and Moak stated in their 1967 paper on the hot hardness of various ceramics “for the 
materials studied in this work, the independence of load and hardness has not been 
established and therefore comparing 100, 1000, and 150,000g indentation is not strictly 
correct” [38]. In order to temporarily address this issue, the American Society for Testing and 
Materials (ASTM) have standardised the loading conditions for both Vickers (C1327) and 
Knoop (C1326) indentation experiments, setting a test force of 1 kgf (9.81 N) for Vickers 
[84] and 1-2 kgf (9.81-19.61 N) for Knoop [85]. Despite such standardisation facilitating 
further comparisons of data across multiple literary sources, adopting the practice still means 
that there is no clear significance to the values attained from hardness tests. Consequently, 
since the discovery of the ISE in metals [ 86 , 87 ], originally referred to as an “error 
percentage” by Bückle, multiple models/hypotheses have been put forth in order to better 
understand the load-independent hardness, also called the “true hardness” [88], and its 
physical mechanism.  In chronological order, these include the Hays-Kendall approach [89], 
the elastic recovery model
 
[90], the non-uniform elastic/plastic deformation response model 
[ 91 ], the proportional specimen resistance (PSR) model [78, 92 , 93 ], the modified 
proportional specimen resistance model (MPSR)
 
[82], the energy-balance approach [94], and 
the fractal approach [83]. Many of these models/hypotheses have been reviewed elsewhere 
[95]. In general, the most prominent theory presented on the ISE is that of strain gradient 
plasticity theory [87, 96]. This involves the concept of geometrically necessary dislocations 
(GNDs) and statistically stored dislocations (SSDs) [97], which contribute to the hardness 
according to the following equation [98]: 
 
                   2/1GNDSSDGbH               (2.14) 
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where G is the shear modulus, b is the magnitude of the Burgers vector and ρ is the 
dislocation density. According to strain gradient plasticity theory, whenever inhomogeneous 
plastic deformation occurs, this is accompanied by a strain gradient. An example of this 
would be the indentation process. As a sharp indenter is loaded and penetrates the surface of 
a specimen, the strain will be high at the tip of the indent and zero at the edges, thus 
generating a strain gradient. During such inhomogeneous plastic deformation, GNDs are 
created to accommodate the geometric change experienced at the surface, see Fig. 2.11. 
 
 
 
Fig. 2.11: GNDs underneath an indenter: (a) demonstrates the material that originally 
occupied the region being pushed into the substrate material and the generation of GNDs as a 
result, (b) a schematic view of the atomic steps on the indented surface and the associated 
GNDs [99]. 
 
Conversely, SSDs are generated by homogenous deformations i.e. plastic strain in bar under 
uniaxial tension. It is the presence of GNDs that leads to an increase in the yield strength 
through strain hardening i.e. the prevention of dislocation nucleation due to saturation. At 
small scales, GNDs make up a significant portion of the total dislocation density which is 
normally dominated by SSDs at larger scale lengths. Therefore, indents generated under 
lower loading conditions experience more strain hardening, leading to proportionally smaller 
indents and an observable ISE. However, despite the popularity of strain gradient plasticity 
theory, there is an issue in applying it to ceramics and other brittle solids. Unlike the metallic 
materials strain gradient plasticity theory was originally proposed for, in which plastic flow 
occurs readily and dislocations can slip over longer range orders with relative ease, ceramics 
only exhibit strain hardening under very specific conditions and generally at elevated 
temperatures [100]. The brittle nature of ceramics means that, with the nucleation and 
eventual saturation of dislocations, they tend to fracture at weak features i.e. grain 
boundaries, pores, and surface flaws, as opposed to strain hardening. For this reason, ceramic 
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scientists and engineers alike have adopted Li and Bradt’s PSR model [78], given in eq. 
(2.15), which follows a different approach. In this model, the ISE and true hardness are 
separated into a1 and a2 terms respectively: 
 
                                                              
2
21 dadaP                                                       (2.15) 
 
Here, the a2 acts as a volumetric component, accounting for the geometric change that occurs 
as the indenter makes contact with the test material surface. Therefore, it is reasonably well-
established that the a2 denotes the resistance to crack-free plastic deformation and can be 
used to estimate the load-independent hardness when no ISE is present (when a1 = 0) and 
based on the indenter profile. Conversely, the a1 term acts as a surface component, but the 
physical significance of this remains unknown. Various mechanisms have been proposed for 
the a1 term, including the energy consumed in the creation of new surfaces
 
[92, 93], the 
energy required for surface stretching prior to crack initiation [88], interfacial friction 
resistance [78], bulk elastic recovery [90], and residual stresses [81]. However, one of the 
more convincing arguments is based on the premise that, under external loading, two 
competing mechanical responses dominate: plastic deformation and cracking. It is generally 
acknowledged that cracking in ceramics can be introduced during indentation almost 
immediately on loading [21, 78, 101]. This is largely attributable to the fact that, at low 
temperatures, almost all polycrystalline ceramics have less than five independent slip systems 
that can be activated under normal loading circumstances to fully accommodate the required 
geometric changes [102]. Additionally, because of a relatively low cracking resistance, 
ceramics are unable to constrain any crack propagation from pre-existing flaws. Hence, 
unlike ductile metallic materials, hardness values provide information on the total damage 
performance of ceramics under external loading, rather than just lattice plastic deformation 
resistance. Given that the hardness and the a2 can be attributed to the resistance to plastic 
deformation, Swain and Wittling proposed that the ISE phenomenon, and therefore the a1, 
may be the result of subsurface cracking underneath the impression [103]. Specifically, it was 
suggested that with the application of a higher load during indentation, further wedging of the 
subsurface median crack occurs. As shown in Fig. 2.12, widening of this crack opening 
facilitates deeper indenter penetration than that accountable by plastic deformation, thus 
resulting in a wider impression and lower measured hardness.  
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Fig. 2.12: Schematic illustration of median crack wedging and the role it plays in increasing 
indenter penetration beyond that accountable solely by plastic deformation [103]. 
 
Such a concept was more recently supported by the work of Quinn and Quinn, who expanded 
it to encompass all cracks which form in, around and underneath the residual impression [80], 
including micro-cracks that nucleate inside the yield zone. Quinn has since performed 
subsequent investigations to validate the idea [21]. In a Knoop indentation study on various 
glasses, Quinn compares two sets of hardness data taken over various loads, one where 
cracking has taken place during indentation, in the form of  subsurface macro-scale lateral 
cracking, and one where no observable cracking has occurred. At points where the two sets of 
data overlap, Quinn demonstrates that the measured hardness calculated from crack-free 
indents is higher. A few examples are provided in Fig. 2.13(a-c). 
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(a) 
 
(b) 
 
(c) 
 
 
Fig. 2.13: Hardness versus indentation load of: (a), borosilicate crown glass, (b) 
aluminosilicate glass, and (c) fused silica glass, comparing hardness measurements made 
from impressions that had sustained cracking and those that had remained crack-free [21]. 
Note, the presence of an ISE in the uncracked samples can be explained by the fact that this 
work does not consider unobservable cracking i.e. micro-cracks, with most of the cracks 
being identified using optical microscopy. 
 
Despite the lack of consensus, the case made by Quinn and co-workers is a compelling one 
and has only been further strengthened by the fact that other physical mechanisms linked with 
the a1 term, such as friction, densification and the environment, have all since been found to 
have negligible effect on the ISE [88].  
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2.1.1.2 – Blunt Contact Indentation 
 
2.1.1.2.1 – The Different Types and Mechanics of Blunt Indentation  
 
In general, blunt contacts are those that primarily induce an elastic response in a material and 
provide a smooth transition from elastic to elastic-plastic contact [ 104 ]. Historically 
originating from the work of Heinrich Hertz on the frictionless contact between two elastic 
bodies of ellipsoidal profile [105], now defined as Hertzian contact, such techniques have 
been increasing in popularity over recent years, particularly in ceramics. 
 
 
 
Fig. 2.14: Tip of a sphero-conical indenter used for nanoindentation and scratch testing. 
Radius at the tip is ~100 µm [17]. 
 
Typically, blunt contacts employ a spherical indenter of some kind [17], usually a hard ball. 
However, this is not essential. Rockell (A, C, D) tests, for example, use what resembles a 
conical sharp indenter, yet this has a rounded tip with a mean radius of 0.2 ± 0.010 mm [106]. 
Therefore, the initial contact made may be considered “blunt” at low loads. A scanning 
electron microscopy (SEM) image of the tip of another sphero-conical indenter is provided in 
Fig. 2.14. It is worth mentioning that Rockell (B, E, F, G) tests do use a steel ball indenter 
ranging from 1/16” (1.59 mm) to 1/8” (3.18 mm) in diameter. Similarly, Brinell tests employ 
a ball indenter, albeit much larger in size from 1-10 mm in diameter [107]. Both the Rockwell 
and Brinell tests are used to measure hardness in softer metals and, thus, are rarely utilised in 
the characterisation of ceramics.  
 
Blunt contacts in ceramics are not as well-established and certainly not standardised in the 
same way that the aforementioned hardness tests in metals have been. Consequently, the 
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technique employed to simulate blunt contacts in ceramics is simply referred to as Hertzian 
indentation, and is used to determine mechanical properties i.e. strength [ 108 , 109 ], 
toughness [110, 111], wear [112] as well as characterise surface features i.e. flaw populations 
[ 113 ] and residual stresses [ 114 ]. Regardless of the information being acquired, the 
mechanics of Hertzian contact remain the same. 
 
 
 
Fig. 2.15: The geometry of Hertzian contact [110]. 
 
As shown in Fig. 2.15, when a sphere with a radius of R, is pressed into the surface of solid 
body with a normal load, P, the radius of contact, a, may be given by: 
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where the E* can be determined based on the Poisson’s ratio and Young’s modulus of the 
sphere (ν, E) and substrate material (ν1, E1) as follows: 
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Based on eq. (2.16), the peak pressure, p0, under the contact is equal to: 
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It is this pressure that is fundamental in understanding the critical threshold at which the 
various damage modes are activated.  
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2.1.1.2.2 – Blunt Indentation Stress Field 
 
In order to resolve the stress field about a blunt contact, one must first consider a perfect 
elastic Hertzian contact between a spherical indenter and an homogeneous, semi-infinite half-
space, see Fig 2.15. Under such terms, the radial stress distribution inside the contact area at 
the surface, when r ≤ a, may be calculated as follows [29]: 
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and outside the contact area, when r > a: 
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Meanwhile, the stresses experienced below the contact in the bulk of the material can be 
estimated from: 
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where p is the contact pressure and u is the displacement that can be calculated using the 
following equation: 
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Once again, the coordinates of r and z, the pressure, p, and the radius of the contact area, a, 
are always input as positive quantities. The principal normal stress contours and stress 
trajectories that can be computed using these equations are given in Fig. 2.16(a-d) and Fig. 
2.17(a-b) respectively [29]. 
 
(a) 
 
(b) 
 
(c) 
 
(d) 
 
 
Fig. 2.16: The stress contours of spherical contact plotted for P = 100N and v = 0.26. 
Distances r and z are in mm. (a) σ1, (b) σ2, (c) σ3 and (d) τmax [29]. 
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(a) 
 
(b) 
 
 
Fig. 2.17: Principal stress trajectories (a) σ1 and σ3 (b) τmax [29]. 
 
As shown in eq. (2.19), at the surface of the specimen, the stresses inside the contact area 
directly beneath the indenter are compressive and of approximately the same magnitude. 
Conversely, outside the contact area, the first principal stress is σ1 = σr and is tensile with a 
maximum value at the edge of the contact area. It is this stress that is responsible for the 
classic Hertzian cone-cracks (see section 2.1.1.2.3). The second principal stress is σ2 = σθ, and 
is compressive. The third principal stress is σ3 = σz. At the surface and inside the contact area 
this is a compressive stress. However, because σz is a normal stress i.e. a stress resulting from 
uniaxial loading, it then drops to zero outside the contact area. 
 
For the stresses in the bulk material beneath the indenter, the maxima stress contour values 
are such that σ1 ≥ σ2 ≥ σ3 nearly always. The indentation stress field does deviate from this at 
some points with σ3 > σ2 in certain locations below the surface, hence the use of “nearly 
always”.  
 
2.1.1.2.3 – Blunt Indentation-Induced Fracture 
  
The type of crack primarily exhibited during the elastic contact of Hertzian indentation is that 
of the classic cone-crack system [115, 117]. The formation of such a crack is best described 
in the context of a single Hertzian indentation cycle. This has been well summarised by 
Ostojic and McPherson [116] and has been schematically depicted by Lawn and Marshall 
[75], see Fig. 2.18(a-f). In essence, the events prior to, during and after cone-crack 
development are as follows: 
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(a) 
 
(d) 
 
(b) 
 
(e) 
 
(c) 
 
(f) 
 
 
Fig. 2.18: Evolution of Hertzian cone-cracking during single loading (+) and unloading (-) of 
a blunt indenter. Tensile stresses (black) and compressive stresses (white) during loading are 
presented in (a) [75]. 
 
1. Initial loading: A spherical indenter is slowly pressed into the ceramic surface, 
distributing the load across the entire contact and applying a pressure over this region. 
The elastic response of the ceramic leads to high tensile stresses just outside the 
contact site and a large compressive stress directly below it. 
2. Crack initiation: With an increase in load, the contact area expands, during which, 
the magnitude of the tensile and compressive stresses intensifies. As the contact area 
becomes larger, it continuously searches for a suitable flaw i.e. a flaw whose 
orientation and size are such that it becomes unstable (accelerates rapidly under 
constant stress) inside the tensile stress field. Upon finding such a flaw, a surface ring-
crack nucleates and, following the tensile stress field around and just outside the 
contact site, encircles the indenter whilst simultaneously extending downwards and 
into the sample. 
3. Stable crack growth: Continued loading further increases the size of the expanding 
contact zone and facilitates stable downward crack growth of the surface ring-crack. 
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As the crack propagates, it deviates at angle of 68° outward and away from the 
compressive stress field [59]. 
4. Full crack development: Further loading only increases the driving force until a 
certain point is reached where the ring-crack spontaneously develops into a full 
Hertzian cone-crack similar to the one imaged in Fig. 2.19. 
 
 
 
Fig. 2.19: Photographic image of a cone-crack produced in a glass specimen [117]. 
 
5. Terminated crack growth: Overloading of the sample eventually leads to the contact 
area becoming large enough that it consumes the surface ring-crack. This stops any 
further crack propagation and may facilitate concentric, secondary ring-cracking just 
outside the previous ring-crack provided an appropriate flaw is present. 
6. Unloading: On removal of the indenter, the pressure is released and elastic recovery 
is allowed to ensue. During this process, crack openings attempt to close, but are 
prevented from doing so by the presence of debris wedged inside the cracks. Note, no 
residual stresses remain after the indentation process. Therefore, crack propagation 
ceases once unloading is complete. 
 
The maximum tensile stress generated at the contact boundary can be determined as follows: 
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Unlike in sharp-contact indentation [3], the tensile stress field generated about a blunt 
indenter is free from any intersecting compressive stress fields. Consequently, because the 
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first cone-crack that develops during Hertzian indentation initiates and propagates under a 
pure type I tensile stress condition, it can be used to determine the fracture toughness (KIC) of 
brittle materials [110]. An additional advantage with Hertzian indentation is that, under the 
loads required for Hertzian fracture, the contact made is entirely elastic and, thus, not subject 
to any complications caused by plastic deformation i.e. plasticity-induced flaw creation and 
residual stresses. Whilst the development of a cone-crack is to be expected, other crack 
systems have also been observed during Hertzian indentation. As demonstrated in Fig. 
2.20(a-e), by significantly overloading a blunt indenter, Phillips was able to generate lateral 
and median cracks in soda-lime glass at loads ~40% and ~80% higher than those at which 
only cone-cracks were found to be present [118]. 
 
(a) 
 
(b) 
 
(c) 
 
(d) 
 
(e) 
 
 
Fig. 2.20: Section-and-etch profile of damage patterns produced in polished soda-lime glass 
by quasi-statically loaded WC spheres (R = 0.5 mm). Loads are (a) 100 N, (b) 140 N, (c) 180 
N, (d) 266 N, (e) 500 N [118].  
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Evans and Wilshaw have also recorded the occurrence of surface radial cracks in various 
single-crystal (spinel, sapphire, NaCl) and polycrystalline ceramics (Si3N4) as well as glass 
after overloading a blunt indenter (10-100 N) enough to cause plastic deformation [69], see 
Fig. 2.21(a-b). The sequence of cracking events and the loading conditions under which each 
of the aforementioned cracks forms seems to be material specific. However, in general, radial 
and median cracks were found to develop prior to lateral cracking. Evans and Wilshaw also 
noted that radial and lateral cracking only took place at the onset of plastic deformation, as is 
similarly seen in sharp-contact indentation tests [56]. 
 
(a) 
 
(b) 
 
 
Fig. 2.21: SEM images of radial cracks patterns produced under Hertzian indentation: (a) The 
material removal by lateral crack extension at high loads, (b) The termination of radial cracks 
at the crater boundary and the large residual crack opening [69]. 
 
2.1.1.2.4 – Blunt Indentation-Induced Plasticity 
 
Plasticity during Hertzian indentation was first evidenced by Swain and Lawn, who utilised 
preferential defect etching to resolve dislocations around Hertzian impressions generated in 
lithium fluoride (LiF) [119]. As shown in Fig. 2.22(a-b), the plastic zone just below the 
impression was found to expand based on the size of the contact area, eventually surrounding 
the residual impression.  
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(a) 
 
(b) 
 
 
  Fig. 2.22: Hertzian indentations made on the LiF surfaces with a steel ball of 1/2” diameter 
at loads of: (a) 50 g, and (b) 200 g. The contrast is caused by the preferential etching of 
surface and near-surface defects. Note, some of the surrounding contrast points may have 
been present prior to indentation as defects introduced during processing [119]. 
 
In order to measure the yield stress [120], Swain and Lawn employed indentation stress-strain 
curves, an approach that has since been used in multiple studies on the mechanical response 
of ceramics during Hertzian contact [12, 13, 14, 15, 121, 122, 123, 124, 125]. Here, the stress 
is equal to the pressure (p0 = P/πa
2
) and the strain is quantified based on the contact radius, a, 
to indenter sphere radius, R. For alumina, the stress-strain curve produced by Guiberteau et 
al, re-presented in Fig. 2.23, shows a deviation from a linear elastic trend at ~5 GPa [13]. 
 
 
  
Fig. 2.23: Indentation stress-strain curve for alumina of different grain sizes, 3 μm (circular 
symbols) and 48 μm (square symbols). A, B, C, and D correspond to the micrograph images 
in Fig. 2.24. Inclined dashed line is the Hertzian elastic response, and upper horizontal dashed 
line is hardness (average over all grain sizes) [13]. 
Chapter 2 – Literature Review 
33 
 
Observations made by Guiberteau et al on cross-sectioned Hertzian indents generated at 
different stress levels revealed that such a deviation coincided with the presence of 
subsurface faults in the form of twin/slip bands contained within individual grains. These 
were found to arrest at grain boundaries, where intergranular micro-cracking had occurred. 
Other studies performed by Lawn and co-workers have also reported extensive subsurface 
micro-fracture after Hertzian contact, particularly in heterogeneous microstructures [14, 126, 
127]. Such effects have also been noted in the work of Gamble et al after sphero-conical 
indentation on alumina [125]. As shown in Fig. 2.24(a-d), Guiberteau et al discovered that 
the size of the subsurface micro-fracture zone expanded with an increase in applied stress. 
 
 
 
Fig. 2.24: Optical images showing cross-sectioned views of Hertzian indentation sites in 
alumina with a grain size of 48 μm. A WC ball (R = 3.18 mm) was pressed into the surface at 
increasing loads resulting in pressures of: (A) 5.3 GPa, (B) 6.2 GPa, (C) 7.0 GPa, and (D), 
8.0 GPa, each calculated using the equation p0 = P/πa
2
 [13]. 
 
A stress analysis of the contact using finite element modelling (FEM) by Fischer-Cripps and 
Lawn revealed that the expansion of the micro-fracture zone was driven by shear stresses 
below the contact surface [123]. This confirmed that such a damage zone initiates as result of 
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ductile processes. Here, maximum shear was found to occur at a depth of ~0.5a and is 
quantifiable using the following equation: 
 
                 031.0 pm              (2.27) 
 
Validating the experimental results of Guiberteau et al as well as others [12, 122], the FEM 
analysis revealed that the size of the yield/micro-fracture zone increased with higher applied 
loads, see Fig. 2.25. Meanwhile, the shape was found to vary based on a factor (E/Y) 
involving material specific properties of Young’s Modulus and yield stress [124]. 
 
(a) 
 
(b) 
 
(c) 
 
(d) 
 
 
Fig. 2.25: FEM-generated yield zone boundary for Hertzian indentation with a sphere radius 
of R = 1.98 mm and an applied load of P = (a) 1000 N, (b) 1500 N, (c) 2000 N, and (d) 3000 
N. AA represents the contact diameter [123]. 
 
2.1.1.3 – Compression Tests 
 
Compression tests involve the application of a monotonic, uniaxial pressure across an entire 
ceramic body of specified-geometry and are used to determine the strength of materials under 
pure compression [128]. For ceramics, compressive strength values are known to be several-
fold higher than their tensile strengths [129], see Table 2.2.  
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Table 2.2: Ratio of compressive strength, σC, to bending strength, σB [130]. 
Material Grain Size (µm) σC – σB 
TiB2 20-50 4-6 
ZrB2 20-50 4-6 
B4C 1 7 
WC 1-6 4-6 
Al2O3 1-100 4-30 
MgAl2O3 1 7 
ThO2 4-60 13-17 
UO2 20-50 5-18 
 
This is because crack propagation under tension is unstable, whilst under compression, crack-
growth rates are steady and require a continually-increasing stress [131]. Consequently, as 
improvements to ceramic performance are mainly achieved by toughening ceramics under a 
tensile stressing condition, progression in understanding the failure mechanisms and the 
damage induced by pure compressive strain has been slow. 
 
2.1.1.3.1 – Compression-Induced Fracture 
 
One group that have invested significant resources into this topic is that of the cement 
industry.  
 
(a) 
 
(b) 
 
 
Fig. 2.26: Wing-crack growth from angled cracks under a compressive stress, σ1. (a) 
Schematic depiction adapted from [131]; (b) A sequence of SEM micrographs showing in-
situ initiation, propagation and interaction of wing-cracks in alumina [135]. 
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Most of this work concentrates on the fracture mechanics of composite concrete, both 
reinforced and unreinforced [132]. However, whether it is composite ceramics or monolithic, 
advanced ceramics, the failure mechanisms remain predominately the same. This is best 
portrayed by Ashby and co-workers who, in a series of highly-cited papers [131, 133, 134, 
135], describe the process in great detail. Essentially, under compressive loading, cracks will 
nucleate and propagate from “inhomogeneities” within the microstructure [134] that are 
introduced during processing [136, 137]. These can be in the form of voids, inclusions, 
micro-cracks, surface scratches, or, as found in concrete, aggregate bodies [138]. Once 
initiated, “wing-cracks” or crack like extensions, which develop from the tips of the original 
flaw, will grow longer, see Fig. 2.26(a-b). This perpetuates until these cracks begin to interact 
and link together. As illustrated in Fig. 2.27(a-d), depending on the way in which they 
connect and the networks that form, a number of failure modes can occur, all of which are 
thought to be heavily influenced by the flaw population of ceramics [135]. 
 
(a) 
 
(b) 
 
(c) 
 
(d) 
 
 
Fig. 2.27: Failure modes of ceramics in a state of compression and corresponding stress-
strain curves. (a) Horizontal slabbing, when one or more cracks form in alignment with the 
principal compressive stress and extend through the entire body; (b) Aggregation, when a 
region of dense cracks accumulate to form a shear zone; (c) Near-homogeneous pseudo-
ductile deformation by wide-spread micro-cracking; (d) Vertical slabbing [131]. 
 
2.1.1.3.2 – Compression-Induced Plasticity 
 
Regarding the contributions of permanent deformation, Rice was the first to investigate the 
relationship between yield strengths, equal to one third of the hardness based on Tabor’s 
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criterion [139], and compressive strengths. By compiling and reviewing data from various 
sources, Rice concluded that the yield stress determines the peak compressive strength of 
materials at ambient and elevated temperatures, but admitted that microstructural factors, like 
those listed by Ashby [134] as well as thermal/mechanical anisotropies and twin-induced 
premature fracture, can reduce compressive strengths to well below this limit [130]. 
However, a follow up study by Lankford discovered that compressive strengths could never 
reach H/3, as hypothesised by Rice, because, as observed in indentation studies [13, 56], 
micro-plasticity in itself is detrimental and eventually facilitates fracture-based failure. This is 
even at temperatures nearing half that of the melting point (1000 °C = 0.5TMP of alumina), 
where lattice yielding should be easier [140]. An early study by Lankford used SEM to 
resolve the specifics of this mechanism in alumina after being compressed to ~85% of its 
failure strength, σF [141]. Figure 2.28(a-b) shows some of Lankford’s images, depicting a 
number of micro-cracks that have nucleated from grain boundaries due to the interactions 
with twins. Further observations also revealed micro-crack formations within twin-bands 
away from grain boundaries. These events were found to occur at ~50% σF, whilst twin-like 
features had formed at loads as low as ~25% σF.  
 
(a) 
 
(b) 
 
  
Fig. 2.28: Transgranular micro-cracking caused by interactions between twins and grain 
boundaries: (a) Low magnification; (b) High magnification [141]. 
 
Other forms of micro-plasticity-induced micro-cracking under uniaxial compressive loading 
have also been evidenced by Staehler et al Here, TEM samples of high purity, 99.5% dense, 
hot-pressed alumina showed dislocation bands after being subjected to a compressive stress 
of 6.54 GPa at a strain rate of 1.6 s
-1
 [142]. An exceptional example of this is presented in 
Fig. 2.29, which shows a dislocation band traversing across a grain boundary and into the 
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adjacent grain, eventually generating a micro-crack at the tip which then extends into the next 
grain. Staehler et al concluded that early-stage micro-cracking is suppressed because 
flaws/defect/impurities have been eliminated through the use of ultra-high purity powders 
and the pressure applied during hot-pressing. In turn, compressive stresses may be reached at 
which dislocations can nucleate. Given such observations, this means that, ultimately, in such 
a sample, plasticity constitutes the limit for the integral compressive strength of ceramics as 
dislocation/twinning activities contribute to their own intrinsic flaw populations, effectively 
assisting in compressive failure by micro-fracturing described by Ashby and associates [143]. 
 
 
 
Fig. 2.29: TEM micrograph of a dislocations band in hot-pressed alumina after uniaxial 
compression testing. (A) Dislocation band traversing across a grain boundary; (B) Micro-
crack nucleation due to stresses at the tip of the dislocation band; (C) Micro-crack 
propagation into adjacent grain; (D) Further growth through entire grain and to the edge of 
the TEM sample [142]. 
 
Continued work in this area appears to be exploiting the precision of dual-beam focussed ion 
beam (FIB) to mill micro-pillars, where defects/flaws are non-existent, thus, only the 
contributions of plastic flow to the compressive strength are considered [144, 145]. 
 
2.1.2 – Dynamic Impacts (100 – 104 s-1) 
 
At present, there is no defining point at which quasi-static loading becomes dynamic loading. 
However, in general, dynamic loading can be considered as an impact where the rate at which 
the force is applied and removed is fast enough for the inertial effects to a contributing factor 
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in the process. This means that, unlike with quasi-static loading, during dynamic impacts, 
some areas may be stressed whilst others are not. Furthermore, stress progresses through the 
impacted body over time in the form of a “shock wave” [146]. It is these propagating and 
reflective shock waves that can have a profound effect on the resultant damage, so much so 
that many attempts have been made to individually model [147] and experimentally replicate 
the shock wave damage in ceramics [148]. At the same time, multiple techniques have been 
developed to introduce both the physical and the shock wave damage as a single process, but 
under much more manageable conditions. The following provides an in-depth review of the 
limited work involving DW impact tests and a brief overview of some of the more popular 
methods employed. 
 
2.1.2.1 – Drop-Weight Tests 
 
Drop-weight tests, also known as a “Pellini test”, were originally developed back in the 
1950s as a simple method to determine the nil-ductility transition temperature (NDTT) of 
ferritic steel welds [149]. Despite a decline in popularity, such tests are still performed for 
quality assurance purposes today.  
 
In general, DW tests involve the release of a weighted load from a predetermined height. The 
type of contact made with the specimen can be tailored based on the geometric configuration 
of the indenter. Literary sources employing DW testing in ceramics are sparse. One of the 
earliest investigations by Bransky et al adopted a variation of the technique to gauge the 
relative impact resistances of various ceramics at high (1300 °C) and room temperature for 
possible use in gas turbine engines [150]. Here, instead of having a controlled drop with the 
weighted-load on rails, a free-moving steel ball, 12.7-15.88 mm in diameter and weighing 
8.3-16.29 g, was dropped from a height of 0.15-1.2 m. This type of setup has also been 
employed by the fibre-reinforced concrete industry [151]. Bransky et al then evaluated the 
impact performance of their ceramic samples based on the amount of ball energy or potential 
energy, PE, transferred into elastic energy, EE, represented as EE/PE. The potential energy is 
known and is related with the stored kinetic energy in the ball prior to impact. Meanwhile, the 
elastic energy was determined using the maximum strain at fracture, measured using a strain 
gauge, together with the elastic modulus of the material and is related with the impact 
resistance of a sample that fails due to flexural stress. After multiple experiments on silicon 
nitride, silicon carbide, alumina and silicon aluminium oxynitride (SiAlON) ceramics, it was 
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concluded that improvements to the impact resistance were a result of increases in the 
dynamic strength, which was found to be much higher in ceramics at increased testing 
temperatures.  
 
In the context of ceramic armour, Sherman and Brandon were the first to perform studies 
employing low-velocity (4-5 ms
-1
) DW impacts [152, 153]. These tests involved the ceramic 
sample being confined inside a steel casing and a 6 mm tool steel plunger with a flat 2 mm 
tungsten carbide impactor tip being fed through a hole in the casing. This plunger was 
positioned ~1 mm above the ceramic sample and hit on the opposing end by the released 
load. Based on this setup, the impacting load of 5.4 kg did not make direct contact with the 
ceramic, instead transferring any kinetic energy into the sample via the impactor. Initial tests 
on alumina identified three distinct stages of failure: 
 
1. Crushing and erosion of the ceramic tile directly beneath the impactor pin. 
2. The initiation of a circumferential crack (cone-crack) around the contact zone. 
3. Radial crack formations that propagate to the edges of the sample.  
 
In a later study comparing different material compositions for the supporting block on which 
the tested alumina was positioned prior to DW impacts [153], Sherman appeared to revise 
this sequence, proposing that the damage evolution in alumina during DW tests occurs in the 
reverse order i.e. radial cracking, followed by cone-cracking, and then subsurface crushing 
and erosion. This amended sequence has since been observed in similar studies performed by 
other authors [154, 155].  
 
Additional armour-related work by Brennan et al examined the effects of the DW impact 
velocity on the initiation of fracture [156, 157]. As shown in Fig. 2.30, by employing a fixed 
load of 3.74 kg, it was found that fracture only occurs at ~2.8–3 ms-1 and progressively 
worsens the higher the impact velocity. As well as radial cracking, Brennan et al also noted a 
crater zone of extensive cracking damage. Various non-destructive techniques found that the 
size of this region expanded with increased impact velocity/energy. 
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Fig. 2.30: Relationship between impact velocity and initial energy during drop tower testing 
[156]. 
 
Horsfall et al [158] presents one of the more interesting studies from a material science 
standpoint. In an attempt to see whether impact performance varies as the damage about the 
indenter/projectile progressively worsens during contact, Horsfall et al compared the DW 
penetration depths of intact alumina, alumina after explosive shock and pressed powder 
alumina. From the intact to the shocked ceramic, the results showed a 61.8% increase in 
indenter penetration and a further 17.6% increase from the shocked ceramics to the powder. 
Horsfall et al stated that the results were to be expected given the differences in mechanical 
properties of the three types of alumina, particularly referring to a drop in hardness. Despite 
the microscopic appearance of the shocked alumina being similar to that of the powder 
compact, depth of penetration data showed an improved performance in the shocked alumina. 
This was attributed to the interlocking of individual particles which created a more rigid 
structure. 
 
An important point to note is that none of the DW studies referenced above examined or even 
noted any plastic deformation in any of their samples, most of them focussing on the DW-
induced fracture. Therefore, it is this lack of a plastically deformed residual crater that 
differentiates the work performed in the following chapters with that in the literature. 
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2.1.2.2 – Gas Gun Tests 
 
In regards to high strain rate experiments, gas guns were first utilised in flyer plate impacts, 
originally developed by Flinn et al [159], by Kumar and Clifton in order to increase the 
velocity of such tests (18.5-54.5 ms
-1
) [160]. Flyer plate impacts involve launching a flat 
aluminium/copper plate at a target so as to impart a single axial stress wave through the target 
material. In order to eliminate reloading of the target by reflective waves, the back of the 
target is weakly-bounded to an impedance-matching plate thick enough that is able to trap the 
longitudinal reflective waves. Moreover, an 8-pointed star-shaped flyer plate is typically used 
to trap reflected waves that emanate from the lateral boundaries of the projectile [161], as 
shown in Fig. 2.31. 
 
 
Fig. 2.31: Diagram of the 8-pointed star-shaped flyer plate typically employed [161]. The 
shaded octagon at the centre is the contact region free from any reflected tensile waves. 
 
The damage resulting from gas gun fired flyer plate impacts in alumina was first investigated 
by Longy and Cagnoux [162]. Here, TEM analysis of fragments revealed dense dislocations 
in patched grains at shock stress levels slightly above the Hugoniot elastic limit (HEL). Note, 
the HEL is the point at which the response induced by shock loading transitions from elastic 
to elastic-plastic i.e. yielding, prior to failure and correlates with the dynamic yield strength, 
Yd, via the following equation: 
 
  HEL
l
s
d
C
C
Y 
2
2
2             (2.28) 
 
where Cs and Cl are the shear and longitudinal wave velocities respectively. A study by 
Grady has demonstrated a direct correlation between the quasi-static hardness of a range of 
ceramics and the dynamic yield strength/HEL [163]. 
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(a) 
 
(b)  
 
(c)  
 
 
Fig. 2.32: TEM images of the microstructure of alumina: (a) Initial material, (b) after 1.1 × 
HEL loading, and (c) after 2 × HEL loading [162]. Red arrows highlight areas of plastic 
deformation in the form of dislocation activity. 
 
As shown in Fig. 2.32(a-c), this dislocation activity was found to extend to more grains as the 
shock stress was increased. Similar results were also reported in a simultaneous and largely 
comparable investigation by Louro and Meyers [164]. However, whilst Longy and Cagnoux 
detected no micro-cracks in any of their alumina samples, even after experiencing maximum 
impact stresses equal to 2 × HEL, Louro and Meyers reported cracking at compressive 
stresses well below the HEL.  
 
(a) 
 
(b) 
 
 
Fig. 2.33: Effect of microstructural parameters on fragmentation of alumina: (a) 4 µm grain 
size, and (b) 24 µm grain size [164]. 
 
It is worth noting that Louro and Meyers were less stringent in eliminating the reflective 
tensile stress waves during their experiments, deciding not to use a star-shaped flyer. Hence, 
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the occurrence of micro-cracking in their samples is to be expected. For Louro and Meyers, 
all alumina samples were found to exhibit transgranular and intergranular fracture, an 
observation made in other flyer plate studies on alumina [169]. In addition, larger grain 
structures generated significantly less fracture surface area after flyer plate impacts, as 
demonstrated in Fig. 2.33(a-b).  
 
 
 
Fig. 2.34: TEM micrograph of dislocation pileup near a triple-junction from where a micro-
crack has developed [165]. 
 
Louro and Meyers noted residual pores as possible flaw sites from which cracks seemed to 
initiate. This has been somewhat disputed by Raiser et al who, as shown in Fig. 2.34, found 
that micro-cracks coincided with dislocation pileups at grain boundaries [165], particularly at 
triple-points, in alumina samples after similar flyer plate impacts as those described by Longy 
and Cagnoux. This concept is consistent with the quasi-static compression work of Lankford 
[140, 141] and has been generally agreed up by others in this area [166, 167, 168].  
 
 
 
Fig. 2.35: Dark-field TEM image of a number of deformation twins in a fragment [169]. 
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As shown in Fig. 2.35, in-depth TEM studies by Chen et al and Staehler et al also found 
substantial twinning in commercial and hot-pressed alumina samples after flyer plate impacts 
at or above the HEL [142, 169]. Chen et al notes that, given the short time periods at which 
stress is applied, shock loading of high plastic deformation resistant ceramics favours twin 
formation.  
 
(a) 
 
(b) 
 
 
Fig. 2.36: TEM images of dislocations and dislocation arrays emitted from a grain boundary: 
(a) bright-field, and (b) dark-field [169]. 
 
This is further compounded by the fact that strain release via dislocation glide is restricted 
under shock loading conditions, TEM images by Chen et al (see Fig. 2.36(a-b)) confirming 
that dislocations nucleate from grain boundaries with subsequent movement through the 
lattice only occurring over short distances. Regardless of the limitations of strain release 
through dislocation glide under shock loading, dislocations can still influence the high strain 
rate contact damage performance of ceramics. In analysing the impact sites generated from 
gas gun tests firing blunt-tipped projectiles at ~100 ms
-1
 at various alumina targets, Dancer et 
al showed that deeper projectile penetration depths corresponded with higher dislocation 
densities and a larger subsurface plastic zone [170]. This was confirmed by the broadening of 
spectral peaks measured using Cr
3+
 fluorescence mapping. With the deepest penetration 
depths of up to 50 µm, alumina samples containing greater quantities of glassy-phase were 
found to display the highest degrees of plasticity i.e. higher dislocation densities and larger 
plastic zones.  
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2.1.2.3 – Split Hopkinson Pressure Bar  
 
Since the test method’s conception [ 171 ], split Hopkinson pressure bar (SHPB) tests, 
sometimes referred to as Kolsky bar [172], have become the standard for measuring the 
dynamic properties of materials.  
 
 
 
Fig. 2.37: Schematic diagram of a split Hopkinson pressure bar test. SG stands for strain 
gauge [173].  
 
As shown in Fig. 2.37, SHPB tests involve placing a sample of material of a set geometry, 
where the faces are parallel and flat, in between two rods, an “incident bar” and a 
“transmitter bar”. During a single test cycle, compressed air/gas is used to launch a “striker 
bar” into the incident bar. On contact, a stress wave is created that progresses through the 
incident bar until it reaches the sample. Upon doing so, the incident wave splits into two 
smaller waves, a “transmitted wave” and a “reflective wave”. The transmitted wave 
propagates through the sample and into the transmitted bar, whilst the reflected wave travels 
in the opposite direction and back down the incident bar [174]. By measuring the amplitude 
of each of these waves, the stress and strain can be calculated [11]. Essentially, an SHPB test 
is the same as a compression test, but where the rate of loading is considerable higher. This is 
exemplified in the work of Staehler et al and Lankford et al who both use uniaxial 
compression and SHPB tests to demonstrate the strain rate dependence of compressive 
strength in alumina, silicon carbide and silicon nitride ceramics [141, 142, 143, 175, 176].  
 
In terms of the damage sustained during SHPB tests, a TEM study by Lankford et al reports 
no plasticity in alumina samples after unconfined SHPB tests [143], where failure was 
predominantly brittle. Meanwhile, under confined conditions, much of the damage introduced 
was found to be similar to that observed in samples after flyer plate impacts. Lankford et al 
reports that plastic deformation, in the form of dislocation pileups at grain boundaries, was 
extensive throughout the alumina microstructure, mostly resulting in the nucleation of small 
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transgranular micro-cracks. A more recent investigation by Shih et al has also examined 
defects in 6H-SiC after SHPB tests [177]. As demonstrated in Fig. 2.38, perfect dislocations 
together with partial dislocations were observed near the grain boundary. Once again, 
dislocation glide through the crystal lattice was found to be short-ranged. Much higher 
densities of dislocations were recorded at the frontal layer where the incident bar made direct 
contact with the silicon carbide specimen, however these sites were limited.  
 
 
 
Fig. 2.38: TEM micrograph of a silicon carbide grain containing stacking faults and 
dislocations [177]. 
 
2.1.2.4 – Taylor Impacts 
 
First proposed by Taylor in the 1940s [178, 179, 180, 181], Taylor impact testing remains 
one of the lesser adopted high strain rate techniques for simulating dynamic damage. Similar 
to a gas gun test, this technique involves launching a cylindrical projectile at a rigid target, 
but where the projectile is the material being tested as opposed to the target. The dynamic 
yield strength can then be estimated based on the shape change measured from the recovered 
cylinder. However, problems arise in that no target can be infinitely rigid, as assumed by 
Taylor. Moreover, measuring the strain can be rather challenging in non-ductile solids and 
those exhibiting viscoelastic properties [11]. Consequently, Taylor impact tests on brittle 
materials, such as borosilicate and soda-lime glass, have been largely employed to examine 
the mechanisms of ductile and brittle failure, usually in symmetrical rod-on-rod contacts 
where both rods are made from the same material, see Fig. 2.39 [182, 183, 184]. 
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Fig. 2.39: High-speed photographic sequence of a symmetric Taylor impact experiment on 
soda-lime glass performed at an impact velocity of 391 ms
-1
. Labels indicate time (1 × 10
-6
 s) 
after impact [184]. 
 
2.1.3 – Ballistic Testing (104 – 108 s-1) 
  
The majority of studies employing full-scale ballistic testing on ceramics tend to focus on 
measuring the armour performance i.e. V50 (the velocity at which 50% of the bullets do not 
penetrate and 50% of the bullets do penetrate i.e. the upper limit for ballistic protection), 
depth of penetration, ballistic efficiency, etc. [185, 186, 187, 188 189, 190, 191]. Given that 
other more convenient methods for introducing high strain rate damage exist (see above), 
publications investigating the damage mechanics and the types of damage sustained by 
ceramics during ballistic impacts are limited. One of the more conclusive studies is by Wu et 
al [192], who performed an extensive analysis on an alumina target after being shot with a 
mild steel bullet at ~820 ms
-1
. From SEM images of the resultant fragments, three main 
surface morphologies were identified; intergranular fracture, transgranular fracture and a 
smeared surface associated with plastic flow. Subsurface TEM analysis showed that the 
transgranular and intergranular fracture sites were largely deformation free, whilst underneath 
the smeared surfaces extensive dislocation damage was found together with some moderate 
amounts of twinning. As shown in Fig. 2.40, micro-cracks were seen to develop inside and at 
the grain boundaries of grains containing highly-constrained dislocation densities. 
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Fig. 2.40: Cross sectional TEM of grains directly underneath the smeared surface of a 
fragment created during a ballistic impact. Here, slip is highly constrained by the grain 
boundary and micro-cracks have appeared inside the grains and along the grain boundary 
[192]. 
 
Cr
3+
 fluorescence spectroscopy was used to quantify the deformation in certain fragments and 
found peak dislocation densities of 1 × 10
15
 m
-2
 in grains exhibiting full plasticity. Based on 
all the evidence presented, fragment sizes were found to correspond with specific damage 
mechanisms. In accordance with diagram displayed in Fig. 2.41, plastic deformation was 
prevalent in fragments sized between 50-400 µm, whilst, in larger fragments, intergranular 
fracture was the dominant damage mode. 
 
 
 
Fig. 2.41: A statistical distribution map of the three types of surface characteristics identified 
in alumina after ballistic impact testing against normalised fragment sizes [192]. 
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Such predictions assist in providing a clearer picture of how different damage modes are 
introduced during ballistic-scale impacts as smaller fragments tend to be generated in areas 
closer to the bullet/ceramic contact interface [188], see Fig. 2.42. 
 
 
 
Fig. 2.42: Fragments produced after ballistic testing of 99.5% dense alumina [188]. 
 
2.2 – Armour Materials 
 
Despite extensive empirical experimentation indicating that ceramics of higher hardness 
provide better armour performance [5, 7, 188], no consensus exists around what mechanical 
properties are needed in order to produce superior armour ceramics. In general, desirable 
properties include high hardness, high fracture toughness, high compressive strength, low 
density and low cost [193]. If one considers the mechanics of a high-velocity projectile 
impacting on the surface of a ceramic, most of these properties seem justifiable: 
  
1. High hardness: Improves the erosion or effective blunting of the projectile tip, 
spreading the kinetic energy over a larger surface area. 
2. High fracture toughness and compressive strength: Increases the survivability and 
multi-hit capabilities of the ceramic. 
3. Low density: Enhances in-service use. 
 
However, why such properties are important and how they improve the contact damage 
resistance of ceramics at high strain rates remains very much an ambiguous phenomenon. 
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Given the aforementioned criteria, the most popular ceramics for armour applications are 
alumina (Al2O3), silicon carbide (SiC) and boron carbide (B4C) [194]. Other more exotic 
materials that have been studied are aluminium nitride (AlN) [195, 196, 197], titanium 
diboride (TiB2) [196, 197], tungsten carbide (WC) [196], zirconium dioxide (ZrO2) [196] and 
a number of multi-phase variants including composite structures of B4C-SiC [188], SiC-AlN-
C [188], TiB2-AlN [198], TiB2-TiC [199], functionally graded TiB2-Ti [200] as well as many 
others. 
 
In the following chapters, we have limited our investigation to two common armour 
ceramics, alumina and silicon carbide, with varying microstructures, and one nanocomposite 
ceramic in the form of alumina/silicon carbide. Although alumina/silicon carbide has yet to 
be adopted by the armour industry, the nanocomposite acts as a model material from which 
we can examine the unique behaviour of particle-reinforced ceramic nanocomposites under 
dynamic conditions.  A brief overview of these materials is provided below. 
 
2.2.1 – Alumina 
 
2.2.1.1 – Chemical Composition and Polymorphs 
 
Alumina, or aluminium oxide, is an inorganic oxide compound consisting of aluminium and 
oxygen with a chemical formula of Al2O3, the most common form of aluminium oxide. It 
exists in many metastable polymorphs including those based on the face-centred cubic 
packing of oxygen, γ, η (cubic), θ (monoclinic), and δ (either tetragonal or orthorhombic), 
and the hexagonal close-packed arrangement of oxygen, α (trigonal), κ (orthorhombic) and χ 
(hexagonal) phases [201]. However, it is most thermodynamically stable in its crystalline 
polymorphic phase of α-Al2O3 [201].  
 
2.2.1.2 – Slip Systems and Twinning 
 
Plastic deformation in alumina is facilitated through dislocation nucleation/slip and twinning. 
The primary slip systems of alumina have been identified as; basal slip {0001} 
1
3
 <21 10> 
[47, 202], prismatic slip {1210} <1010> [203], pyramidal slip {1011} 
1
3
 <1101> [204]. 
Basal slip is the easiest slip system to activate, whilst pyramidal slip is the most difficult [49]. 
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The two most common twin systems in alumina are that of basal twins [47, 49] and 
rhombohedral twins [48, 49]. 
 
2.2.1.3 – Mechanical Properties 
 
It is typical to expect sintered alumina to possess a moderate hardness of 17-23 GPa [205], a 
high fracture toughness of between 4-5.5 MPa·m
1/2 
[205], a Young’s modulus of 300-410 
GPa [205] and a compressive strength of 2.07-2.62 GPa [206]. Compared to silicon carbide 
and boron carbide, the density of alumina is slightly high at 3.95 g/cm
3
. However, despite 
this, alumina remains one of the most popular armour ceramics, even in modern composite 
armour systems, largely owing to the materials excellent cost-to-performance ratio [207]. 
 
2.2.2 – Silicon Carbide 
 
2.2.2.1 – Chemical Composition and Polymorphs 
 
Silicon carbide is a compound of tetrahedrally-bonded silicon and carbon atoms with the 
chemical formula SiC. There are over 250 different polymorphs of silicon carbide [208], also 
referred to as polytypes because the change in crystal structure is only one-dimensional [209]. 
These can be categorised into three main groups; cubic (β-SiC), with a zinc blend type crystal 
lattice; hexagonal (α-SiC), with a wurtzite type crystal lattice; and a third group including all 
other polytypes, the most common being rhombohedral (also α-SiC, as α-SiC refers to any 
non-cubic crystal structure) [210]. The four most common of these various groups are 3C-
SiC, 4H-SiC, 6H-SiC, and 15R-SiC [20]. Here, the number of each polytype refers to the 
number of layers in the unit cell repeat distance and the letter denotes the type of crystal 
lattice structure i.e. C = cubic, H = hexagonal and R = rhombohedral. From a commercial 
standpoint, the majority of silicon carbide ceramic products will be manufactured from α-SiC 
mostly made up of 4H- and 6H-SiC polytypes due to the high quality yields possible. 
 
2.2.2.2 – Slip Systems and Twinning 
 
It has been well-established that plasticity in both single crystal and polycrystalline silicon 
carbide ceramics takes place in the form of dislocation nucleation/slip and, in some cases, 
twinning [211]. In the presence of dislocation slip, the planes that are active vary depending 
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on the crystal system. For the most common hexagonal crystal system of 4H- and 6H-SiC, 
the primary slip planes are the basal {0001} <11 2 0> and two prismatic {1010} <11 2 0>, {11
2 0} <1010> slip planes [212, 213]. 
 
2.2.2.3 – Mechanical Properties 
 
By comparison, some mechanical properties of silicon carbide are superior to those of 
alumina. For example, the hardness of sintered silicon carbide can range from 25-26 GPa 
[205], the Young’s modulus from 370-450 GPa [205], and the compressive strength from 
1.73-2.5 GPa [206]. Moreover, the density of silicon carbide is lower at just 3.21 g/cm
3
. 
However, one disadvantage of silicon carbide is the rather moderate fracture toughness of 
between 3.0-4.8 MPa·m
1/2 
[205]. Whether this has a significant impact on the armour 
performance is unknown. In general though, silicon carbide has been shown to be one of the 
better suited materials for armour protection, but at a much greater cost-to-performance ratio 
[188]. 
 
2.2.3 – Alumina/Silicon Carbide Nanocomposites 
 
Developed by Niihara et al back in the early 1990s [214, 215], “ceramic nanocomposites” 
originally consisted of a ceramic matrix containing a well-dispersed array of nano-sized 
ceramic particles. 
 
 
 
Fig. 2.43: The classification of ceramic nanocomposites. 
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As shown in Fig. 2.43, these were then sub-categorised by Niihara into four different types 
based on the distribution of nanoparticles [215], which included; intra-granular, where the 
nano-sized particles are mainly located within the matrix grains; inter-granular, where they 
are mainly located at grain boundaries; intra/inter-granular, a combination of the previous 
two types; and nano/nano, where nano-sized dispersoid grains are mixed alongside matrix 
grains of similar size.  
 
Since Niihara’s work, the title of ceramic nanocomposites has been expanded to encompass a 
range of ceramic materials in which at least one phase is present with dimensions 
significantly less than 1 μm, including graphene nanosheets (GNSs) [216, 217, 218], carbon 
nanotubes (CNTs) [218, 219], and even metal particles [219]. Interest in such materials stems 
from the enhanced mechanical properties that have been documented. Along with silicon 
nitride/silicon carbide [214, 215, 220, 221, 222, 223], alumina/silicon carbide is one of the 
most studied particle-reinforced ceramic nanocomposites [215, 220, 224, 225, 226, 227, 228, 
229, 230, 231, 232, 233, 234, 235].  
 
The crystallographic properties of alumina/silicon carbide are the same as those for pure 
alumina. In terms of the mechanical properties, ceramic nanocomposites, in general, exhibit 
superior properties compared to their monolithic equivalents. However, these can vary 
dramatically based on the size, distribution and amount of silicon carbide nanoparticles added 
to the matrix [227]. A more detailed review of this is provided below. 
 
2.2.4 – Effect of Ceramic Processing on the Microstructure and Mechanical Properties 
 
Given the high melting points of their raw materials, ceramic components are traditionally 
preformed into a powder compact of the required shape or slip cast in a mould prior to a 
densifying heat treatment. The order of processes needed to achieve this is as follows: 
 
1. Milling: The pulverisation of large particles into much smaller particles. Commonly 
completed via mechanical attrition, compression or impact. 
2. Batching: The weighing of substances into specific quantities prior to mixing. 
3. Mixing: The combining of substances, which may include binders or sintering aids as 
well as the base ceramic powder. 
4. Forming: The wet or dry shaping of the mixed powder to form the green body. 
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5. Drying: The removal of water from the green body, a process generally reserved for 
wet-formed components. However, binders may also be burnt off during this step. 
6. Sintering: The controlled heating of the green body to a temperature at which pore 
closure/densification occurs followed by grain coarsening. 
 
Fundamentally, the aim is to produce a homogeneous ceramic of as high a density as 
possible, usually with a fine grain structure [ 236 ]. However, this ideal is not always 
attainable, particularly in an industrial setting, and, in some cases, may even be purposefully 
avoided. As well as the chemical composition of the chosen material, the microstructure can 
also have a significant role in deciding material properties. Therefore, tailoring the 
microstructure in order to get certain properties for specific applications is a common 
practice. For monolithic ceramics, like the alumina and silicon carbide listed above, core 
microstructural features that are often modified include the size and shape of grains, amount 
of porosity, pore size, pore distribution, and grain boundary chemistry [16]. In nanocomposite 
structures, like the alumina/silicon carbide, the inclusion of the nanoparticulate phase 
provides even more options with the size, shape and distribution of these nanoparticles being 
a core determinant of the materials final properties [236]. In the following subsections, a 
more detailed review is provided on how the aforementioned microstructural features are 
controlled during processing, how such changes to the microstructure affect the mechanical 
properties, and any bespoke mechanisms that may be induced by these changes. 
 
2.2.4.1 – Grain Size and Grain Elongation 
 
2.2.4.1.1 – Processing of Ceramics with Varying Grains Sizes and Elongated Grain 
Structures 
 
The grain size of a ceramic is a feature of the microstructure that is largely determined during 
sintering. Broadly speaking, sintering involves two competing processes, densification (an 
increase in mass per unit volume by reducing porosity) and grain growth (the reduction of 
grain boundaries at constant density) [237]. It is the grain growth stage that controls the final 
grain size. The driving force behind this grain growth is the reduction of free energy in the 
system. In a polycrystalline material, a grain boundary is the interface between two adjacent 
crystallite domains, neither of which has the same orientation. This misalignment means that 
atoms along the grain boundary are shifted from their regular positions in the crystal lattice 
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and, thus, are of a higher energy than the bulk crystal [238]. If the grain size increases, 
decreasing the number of grains per volume, then the total area of grain boundary will also be 
reduced together with the amount of free energy in the system. 
 
Various parameters can be altered in order to control the amount of grain growth that occurs 
during sintering. For producing a coarser grain structure, some of these include selecting a 
higher final sintering temperature, decreasing heating rates, and/or prolonging dwell periods 
(see Fig. 2.44(a-d)) [239, 240, 241]. All of these options provide additional energy to increase 
grain boundary mobility during the grain growth stage of sintering [242].  
 
 
 
Fig. 2.44: Grain structure of dense, magnesium oxide-doped alumina after (a) 0 hr, (b) 7.5 hr, 
(c) 15 hr, and (d) 100 hr at 1600 
○
C [241]. 
 
For finer grain structures, the application of pressure [243] as well as the introduction of 
dopants, namely magnesium oxide (MgO) for alumina and carbon for silicon carbide, is 
common practice [237, 241, 244]. The sintering atmosphere has also been shown to be a 
contributing factor in controlling the final grain size, liquid-phase sintered silicon carbide in a 
N2 atmosphere having a lower average grain size than the same silicon carbide sintered in Ar 
[245]. 
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Grain elongation in ceramics is a manifestation of abnormal grain growth, the rapid and 
exaggerated growth of selected grains in energetically favoured directions. This is believed to 
occur because of the impurities present in the raw products used to fabricate ceramics i.e. 
silicon dioxide (SiO2) and calcium oxide (CaO). It is these impurities that diffuse into the 
grain boundary and induce a discontinuous grain boundary energy/mobility [246]. In general, 
the aim is to suppress abnormal grain growth as it limits the attainment of full density [242]. 
However, in some cases, a controlled distribution of elongated grains is promoted in order to 
enhance certain properties. This can be achieved by simply sintering for extend periods or at 
higher temperatures to induce abnormal grain growth in marginally impure ceramic compacts 
(most commercial powders contain impurities). Other methods include post-sintering heat 
treatments (see Fig. 2.45(a-c)), liquid-phase sintering [252] and recrystallization [247], for 
randomly-orientated elongated grain structures, or templated grain growth (the use of aligned 
“seed” particles to obtain orientated growth) [ 248 , 249 , 250 ] and sinter-forging (the 
application of uniaxial pressure during sintering, but without lateral constraint)  [251], for 
highly-orientated elongated grain structures. 
 
      
 
 
Fig. 2.45: Elongated grain structure of liquid-phase sintered silicon carbide containing 7 wt% 
alumina, 2 wt% yttrium oxide (Y2O3), and 1 wt% calcium oxide after a secondary heat 
treatment for (a) 0 hr, (b) 6 hr, and (c) 12 hr, at 1850 
○
C [252]. 
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2.2.4.1.2 – Effect of Grain Size and Grain Elongation on Hardness 
 
The effect grain size has on the hardness of a ceramic has been well-documented in the past. 
Skrovanek and Bradt, for example, performed one of the earliest studies, investigating the 
Knoop microhardness (0.4 kgf load) of hot-pressed alumina with varying grain sizes 
(between 2-8 μm) [253].  
 
 
 
Fig. 2.46: Variation of microhardness in hot-pressed alumina with average grain size [253]. 
 
 
 
Fig. 2.47: Room temperature hardness vs. grain size for silicon carbide measured using 
Knoop indentation at loads of 100 g and 500 g [256]. 
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As shown in Fig. 2.46, the results of their investigation revealed a marked increase in 
hardness of almost 300 HK as the average grain size decreased from 8 μm to ~4 μm. This 
trend of increasing hardness with decreasing grain size has since been confirmed in later 
works on pressureless-sintered alumina by Krell and Blank [254] and Franco et al [255], and 
in a repeat study on hot-pressed alumina by Rice et al across a wider range of grain sizes (1-
400 μm) and at different indentation loads (0.1 and 0.5 kgf) [256]. The study by Rice and co-
workers also demonstrated the same behaviour in silicon carbide (see Fig. 2.47), as well as a 
plethora of other oxide and non-oxide ceramics, showing an increase of ~400 HK as the 
average grain size reduced from 100 μm to ~20 μm.  
 
(a) (b) 
  
 
Fig. 2.48: Hardness of two silicon carbides with varying degree of thermally induced grain 
elongation: (a) polished and chemically etched surfaces of the silicon carbide grain structures 
tested, (b) hardness-load curves across a load range of 0.5-5 kgf [257].  
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The influence of grain elongation on the hardness of a ceramic, a less studied effect, has 
shown an identical trend. As demonstrated in Fig. 2.48(a), whilst performing an investigation 
on the ISE of two silicon carbides with varying degrees of thermally-induced grain 
elongation [257], Wereszczak et al found that the hardness decreased in samples of greater 
grain elongation. As shown in Fig. 2.48(b), this occurred regardless of the indentation load. 
Such behaviour was largely associated with the increase in average grain size that 
accompanied the elongated grain growth, the SiC-N samples increasing in average grain size 
from 4.1-10.1 μm and the SiC-SC-1R samples from 1.2-6.9 μm. However, in the 
microstructures resulting from the highest temperature thermal treatments (>2550 
○
C), high 
porosity levels of between 6.5-10% were acknowledged as a partially contributing factor to 
the drop in hardness. 
 
Regardless of the material tested, all of the aforementioned authors have attributed any 
display of an increase in hardness with decreasing grain size/elongation in a ceramic to the 
Hall-Petch effect, a grain boundary strengthening mechanism following the relationship [258, 
259]: 
 
d
k
IY               (2.29) 
 
where σY is the yield strength of any microstructure, d is the grain size, σI is the intrinsic yield 
stress, which can be extracted from single crystals or coarse-grained polycrystals [260], and k 
the material specific strengthening coefficient. The basic premise behind the Hall-Petch effect 
is that grain boundaries impede dislocation movement and that the number of dislocations 
within a grain influences how easily dislocations can traverse through grain boundaries and 
from grain to grain. As shown in Fig. 2.49, when a ceramic is stressed enough to cause 
yielding, dislocation glide (or slip) initiates in the most favourably orientated grains and 
propagates through that grain until it makes contact with a grain boundary [20]. During this 
interaction, a stress concentration builds up. The magnitude of this stress is determined by the 
length of the slip band. In order to pass the grain boundary, the head of the dislocation pile-up 
must apply enough stress to trigger off dislocation sources in the neighbouring grain [261]. 
Larger grains are able to facilitate longer slip bands and, thus, generate higher stress 
concentrations at grain boundaries. This means that dislocations are able to move more freely 
from grain-to-grain in ceramics with coarser grain structures.  
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Fig. 2.49: Illustration of slip propagation from one grain (A) to another (B) [20]. 
 
It is also worth noting that if a ceramic has a finer grain structure, the Hall-Petch effect will 
eventually disappear as the grain size becomes smaller than the typical size of the dislocation 
loops. Referring back to Fig. 2.46, Skrovanek and Bradt confirm this showing no change in 
hardness in samples with a grain size lower than 4 μm. 
 
2.2.4.1.3 – Effect of Grain Size and Grain Elongation on Fracture Toughness 
 
The fracture toughness of a material is defined as its ability to resist crack formation and 
propagation and is based on the amount of energy the material can absorb before failing 
[262]. Various techniques have been used to determine the fracture toughness of ceramics 
including single-edge precracked beam (SEPB), single-edge vee-notched beam (SEVNB), 
chevron-notched beam (NB), surface crack in flexure (SCF), short chevron-notched rod (SR), 
double cantilever beam (DCB), double torsion (DT), indentation fracture (IF), and 
indentation strength tests (ISB) [2]. The effect grain size has on the fracture toughness of a 
ceramic is a well-researched area of interest, but one that has produced rather inconclusive 
results. In a collection of early works by Rice, Freiman, Becher, Mussler, Claussen, and 
Swain [263, 264, 265, 266, 267], the change fracture toughness of alumina with increasing 
grain size exhibited contrasting behaviours depending on the testing method employed (see 
Fig. 2.50).   
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Fig. 2.50: Fracture toughness of alumina against grain size [267]. The DCB data of Rice et al 
[263] and Veldkamp and Hattu [268] are compared along with data from other researchers 
using different tests, as listed; Mussler et al, NB [266]; Hübner and Jellet, NB [269]; Nishida 
et al, NB [270]; Munz et al, NB [271]; Munz et al, WOF [271]; Sclosa et al, DT [272]; 
Sclosa et al, NB [272]; Yank et al, NB + IF [273]. 
 
Rice explained these conflicting results by noting that the notched beam techniques employed 
are highly susceptible to measurement issues, stating that “several issues pertain mainly, or 
exclusively, to NB tests. Such tests have been shown to need a sufficiently fine notch root 
radius (e.g. < 10 μm) to give valid results” [267]. As shown in Fig. 2.51(a-b), the work of 
Nishida et al confirms Rice’s hypothesis highlighting the importance of notch geometry in 
the determination of KIC via notched beam tests [270]. Rice’s conclusion also seemed 
reasonable considering that notched beam tests had produced results showing an increase 
[269], decrease [266] and no change [268] in KIC with increasing grain size. Meanwhile, the 
other traditional testing techniques had been more consistent, only showing an increase in KIC 
[263, 274]. Unfortunately for Rice, measurements of KIC in alumina using indentation based 
methods that do not require a notch had produced results that supported a trend of decreasing 
KIC with increasing grain size [255, 275]. In a review of this data by Armstrong, he shows 
that there is a distinct drop in KIC of ~1 MPa·m
1/2
 across a grain size range of 0.7-11 μm (see 
Fig. 2.52) [276].  
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(a) 
 
(b) 
 
 
Fig. 2.51: The dependence of fracture toughness on the radius of the notch-root: (a) a 
diagram of KIC as a function of the notch-root radius for the polycrystalline fine-grained 
alumina, and (b) scanning electron micrographs showing the variance in notch-root radius 
possible in double-notched specimens [270]. 
 
 
 
Fig. 2.52: Fracture toughness as a function of grain size for fine-grained alumina [276] as 
measured by Franco et al [255] using Hertzian indentation (large circles) and Muchtar and 
Lim [275] using Vickers indentation (small circles). Also includes single crystal values 
reported by Rice [277]. 
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Armstrong attributed this change to the increase in plastic flow strength with decreasing grain 
size. He states that, under the assumption that a certain amount of yielding at a crack tip is 
necessary for crack growth, if the yield strength is higher, due to the reduced grain size, than 
a larger stress is needed to induce the necessary yielding before a crack can propagate, thus, 
resulting in a higher stress intensity at the crack tip. A similar concept has been adopted by 
others, but where the stress relieving/redistributing mechanism is multiple micro-cracks that 
develop ahead of the crack tip [278]. 
 
(a) 
 
(b) 
 
(c) 
 
(d) 
 
 
Fig. 2.53: A demonstration of crack-bridging: (a) schematic diagram of a wedged grain 
working against friction due to the relative motion of the crack faces, and (b-d) a sequence of 
SEM images showing a group of grains being pulled out of the surrounding material during 
the propagation of a crack [274]. 
 
However, this mechanism has been used to support the reverse trend of increasing toughness 
with increasing grain size, as micro-cracking is more likely to occur in coarser-grained 
ceramics because of the larger mismatch microstructural strains achievable based on the 
differential expansion/contraction of grains on cooling [277]. Other mechanisms that support 
this behaviour include crack-bridging (also known as grain-bridging), where larger or 
elongated grains in the wake of the crack interlock due to internal compressive stresses. As 
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shown in Fig. 2.53(a-d), this causes frictional pull-out [126, 274, 279, 280] and constrains the 
crack-opening displacement (COD), leading to an increase in fracture toughness. This effect 
is enhanced with crack extension as an increasing number of grains contribute to the pull-out 
process, leading to what is referred to as an R-curve [274, 280, 281, 282, 283]. This R-curve, 
whilst present in fine-grained ceramics, is far more pronounced in coarser-grained ceramics 
[281, 283].  
 
Some researchers have disputed claims of grain bridging as a toughening mechanism in 
coarse or elongated grain structures because of the change in fracture mode experienced by 
some ceramics with increasing grain size, particularly alumina [275]. It is believed that for 
the aforementioned crack-bridging/grain pull-out mechanism to occur, fracturing along the 
grain boundary, facilitating crack nucleation and propagation around and along the edges of 
the large or elongated grains, is crucial. A study by Padture, investigating the elongated 
microstructure in pressureless-sintered silicon carbide, noted that intergranular fracture was a 
prerequisite in the formation of crack bridges observed behind propagating crack tips [284]. 
Subsequent work by Flinders et al showed that improvements in the measured fracture 
toughness of various silicon carbides corresponded with higher degrees of intergranular 
fracture [187]. At the same time, others have shown that crack-bridging occurs even with 
transgranular fracture as the dominant fracture mode [274, 279].  
 
To summarise, the effect grain size has on the fracture toughness of ceramics appears to be 
highly-dependent on a number of factors, including the ceramic chemical composition, grain 
structure, fracture mode, testing method employed, etc. Consequently, no conclusive answer 
can be drawn from the literature regarding the effect grain size has on the fracture toughness 
of ceramics at this point.  
 
2.2.4.1.4 – Effect of Grain Size and Grain Elongation on Flaw Populations 
 
The term “flaw” is used to describe stress concentrators, a concept that was originally 
introduced by Griffith in order to explain why the stress needed to fracture glass (~100MPa) 
was several orders of magnitude below the theoretical stress needed to break atomic bonds 
(~10,000 MPa) [285]. These flaws can be in the form of small pores, inclusions or micro-
cracks that are prevalent throughout the microstructure and are introduced either as part of the 
manufacturing process or during machining, grinding and polishing [286]. However, despite 
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their seeming importance, the intrinsic flaw population is a material characteristic that is 
rarely measured, but one that can have a dramatic impact on the strength [287, 288, 289], 
indentation fracture [13] and wear behaviour [255] of ceramics.
 
 
 
  
 
Fig. 2.54: Flaw population statistics from well-polished specimens of pure alumina of 
varying grain sizes (G = 1.2 μm, 3.8 μm, and 14.1 μm) measured by Hertzian indentation 
[255]. 
 
In terms of the effect the grain size has on the flaw population of a ceramic, a study by 
Franco et al on alumina showed that flaw size distributions widened and flaw densities 
decreased with increasing grain size [255]. Such results, depicted in Fig. 2.54, whilst having 
never been directly validated, are in agreement with a number of studies investigating the 
grain size effect on fracture strength (σF) [287, 288, 289]. According to the classic Griffith-
Irwin equation [285]: 
 
     
cY
K IC
F

              (2.30) 
 
where σF is the fracture strength, Y is a constant relating to the geometry of the flaw, and c is 
the critical flaw size. In the aforementioned studies, σF drops by up to 31.5% with increasing 
grain size. Given that this trend could not be attributed to a change in fracture toughness, the 
KIC only changing by ~10%, such a finding is consistent with the results of Franco et al i.e. 
coarser grain structures contain larger flaws and, thus, have a larger critical flaw size. 
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It is generally believed that the flaws being discussed here are micro-cracks along grain 
boundaries. The relationship with the grain size is that the maximum size of the micro-cracks 
is limited by the size of the grain boundary [287, 290]. Therefore, coarser grain structures can 
facilitate larger micro-cracks and, thus, contain wider flaw size distributions. 
 
2.2.4.2 – Porosity 
 
2.2.4.2.1 – Processing of Ceramics with Pores 
 
As mentioned previously, in general, the aim of processing is to produce a ceramic of as high 
a density as possible. In order to accomplish this, one must minimise the amount of porosity 
within the microstructure. However, whilst desirable, such an achievement is extremely 
difficult, particularly without the help of sintering aids [239]. The two most commons ways 
in which porosity is unintentionally introduced to the microstructure are as follows [291]:  
 
1. Partial sintering: For the fabrication of ceramics intended to be of full density, partial 
sintering is the primary way in which relatively high porosity levels (1-10%) are 
generated and is mainly caused by the inadequate optimisation of the green body 
composition and/or the sintering conditions. Here, full densification is inhibited 
because of a reduced sintering potential. This can occur because of low sintering 
temperatures [292, 293], the use of coarse powders [294], and sintering without 
additives [293, 295]. Another way in which poorly optimised sintering conditions can 
introduce porosity is by using sintering temperatures that are too high. This can 
induce accelerated grain growth where the grains grow so quickly that large 
pores/voids are consumed inside grains before they can be removed through atomic 
diffusion at grain boundaries or triple junctions as part of the pore elimination process 
[242]. A similar effect can also be observed in silicon carbide ceramics synthesised 
using a starting powder of β-SiC which then recrystallizes, rapidly forming an 
elongated grain structure of highly porous α-SiC [247]. 
 
2. Sacrificial template: Sacrificial templating is typically a method used to purposefully 
introduce pores by adding a sacrificial pore forming agent to a chosen ceramic 
powder during mixing. The resultant product is then milled, preformed and either 
subjected to a dedicated heat treatment and then sintered or is sintered directly. 
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Regardless of the chosen processing route, this final stage is designed to “burn-off” 
the sacrificial phase, leaving behind pore-shaped voids evenly distributed throughout 
the microstructure. Incidentally, this exact same mechanism is experienced by 
ceramics intended to be of full density. Materials frequently used as the sacrificial 
phase in sacrificial templating include various polymers [296, 297], water [298], 
carbon [299, 300, 301], silicon [302], silicon dioxide [300], etc. Despite being in 
smaller quantities, these are all also common constituents found in ceramics intended 
for full density, either acting as binders (polymers), sintering aids (carbon), impurities 
(silicon dioxide), or unwanted by-products of prior processing (water). Therefore, the 
removal of any of these products during sintering, be it intentional or unintentional, 
will also produce pores in ceramics that would otherwise be pore-free. 
 
Potential ways in which the formation of pores can be reduced remains an intensely 
researched area of interest and is particularly important for brittle ceramics, as pores act as 
points of weakness throughout the structure. 
 
2.2.4.2.2 – Effect of Porosity on the Hardness  
 
 
 
Fig. 2.55: The dependence of Vickers hardness on the indentation load for silicon carbide 
ceramics containing various porosity levels [45]. 
 
The influence of porosity on the hardness of ceramic materials is a topic that has attracted 
very limited interest. A 1999 study by Mil’man et al was the first to truly examine its effects, 
investigating the temperature dependence of hardness in silicon carbide ceramics containing 
0, 5, 16 and 20% porosity [45]. As shown in Fig. 2.55, Vickers indentation tests, performed 
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over a load regime of 0.1-5 kgf, revealed a marked decrease in HV, from 26 GPa to 7.4 GPa, 
with increasing porosity of 0% to 20%. This relationship was attributed to a decrease in 
fracture strength with increasing porosity, Mil’man et al stating that, at low temperatures, 
fracture processes are the leading contributor in the generation of an indent impression. These 
results were later confirmed by Slutsker et al, who also showed a drop in HV, from 31 GPa to 
19 GPa, in their silicon carbide ceramics with increasing porosity levels of 1.1% to 10.3% 
[303]. 
  
An identical behaviour has also been observed in alumina. Chen and Brandon used 
nanoindentation to measure the hardness of various highly-porous alumina specimens 
containing porosity levels of between 14-57% [304]. Once again, the increase in porosity 
corresponded with a decrease in hardness from 6.57 GPa, in the 14% porosity sample, to 0.61 
GPa, in the 57% porosity sample. No explanation was given regarding any possible physical 
mechanisms involved. 
 
 
 
Fig. 2.56: Optical micrographs of Hertzian damage for liquid-phase sintered alumina with 
porosity of (a) 2.5%, (b) 6.8%, and (c) 17.8%, showing the half-surface of the indent (top) 
and the cross-sectioned subsurface of the indent (bottom). A WC sphere with a radius of 3.18 
mm was used along with a contact load of 1500 N in a single contact indentation test [12]. 
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Latella et al also reported the same trend for alumina samples containing smaller porosity 
levels, the Vickers hardness dropping from 12.0 GPa to 10.6 GPa to 5.7 GPa with increasing 
porosity of 2.5, 6.8 and 17.8%, respectively. In this study, Hertzian indentation was also used 
to examine the effect of porosity on the resultant contact damage [12]. As shown in Fig. 
2.56(a-c), they found that higher porosity levels corresponded with greater degrees of 
deformation, mainly in the form of cracking in the yield zone directly underneath the 
indenter. Based on such observations, Latella et al proposed that the increased deformation 
with increasing porosity levels is a result of compaction. Here, some form of fracture-induced 
structural breakdown occurs followed by the intrusion of material into open pores i.e. pore 
collapse. The implication of this on the measured hardness remains unknown and requires 
further study. 
 
2.2.4.2.3 – Effect of Porosity on the Fracture Toughness 
 
In Rice’s original publication examining the grain size dependence of fracture toughness in 
ceramics [267], Rice also examined the effect of porosity on the fracture toughness of 
alumina, gadolinium oxide (Gd2O3), magnesium oxide and boron carbide. By collating 
together the results of multiple sources, he found that the KIC dropped dramatically with 
increasing volume fraction of porosity. More recent studies by multiple authors have 
confirmed this trend [305, 306, 307], the results of Ostrowski and Rödel in Fig. 2.57(a-b) 
showing a notable decrease in KIC, from ~3.5 MPa·m
1/2
 to ~0.5 MPa·m
1/2
, with increasing 
porosity levels from 0% to 50% in both pressureless-sintered and hot-pressed alumina [306]. 
 
(a) 
 
(b) 
 
 
Fig. 2.57: Crack-tip toughness, K0, and fracture toughness, KIC, as a function of porosity for 
pressureless-sintered and hot-pressed (a) CT, and (b) TM powders [306]. 
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This same behaviour has also been observed in the silicon carbide. Figure 2.58 displays the 
combined results from multiple publications as composed by Eom et al and shows a 
reduction in KIC, from ~4.3 MPa·m
1/2
 to 0.2 MPa·m
1/2
, across a porosity range of 8-95%. 
 
 
 
Fig. 2.58: Fracture toughness as a function porosity in silicon carbide ceramics produced via 
different processing strategies, some of which are described above [291]. The data point 
corresponding with the following references: (38) Yoon et al, NB [308], (47) Eom et al, 
SEVNB [309], (58) Deng et al, NB [310], (64) Reynaud and Thevenot, ISB [294], (81) 
Presas et al, NB [311]. 
 
An explanation for this drop in KIC is found by reviewing the classic energy balance equation 
for failure stress (eq. 2.31) as a function of stress intensity (eq. 2.32):   
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where GC is the energy release rate at failure and is defined as: 
 
  
 
A
VU
GC


              (2.33) 
 
where U is the potential energy available, V is the work associated with any external forces 
acting, and A is the crack area generated. In accordance with eq. (2.32), Rödel and co-
workers [306, 307], in a number of papers, along with Rice [267], ascribed the reduction in 
KIC with increasing porosity to the simultaneous decrease in elastic modulus, E [294, 305]. 
Figure 2.59, illustrates this relationship, showing the proportionality between the 
experimentally derived Young's modulus and the fracture toughness as a function of sample 
density [307]. 
 
 
 
Fig. 2.59: Normalised Young’s modulus, fracture toughness and crack tip toughness for 
porous alumina [307]. 
 
It is worth noting that, in some cases, pores can facilitate toughening by crack-tip blunting 
[310]. As shown in Fig. 2.60, this process involves the re-shaping of a crack tip as it meets a 
pore, causing it to blunt. This decreases the stress-concentration at the crack tip and increases 
the external load required to propagate the crack further i.e. the fracture toughness increases. 
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Fig. 2.60: Schematic representation of a crack propagating in; (a) a dense ceramic material, 
and (b) a porous ceramic material, showing a sharp crack-tip in the dense material and a blunt 
crack-tip in the porous material [310]. 
 
However, such a mechanism is highly-dependent on pore size and morphology. Therefore, 
observable toughening resulting from crack-tip blunting is an infrequent occurrence in 
ceramics and is usually a process exclusive to ceramics containing small amounts of fine, 
near-spherical pores. 
 
2.2.4.3 – Effect of Nanoparticle Reinforcements on the Properties of Ceramics 
 
2.2.4.3.1 – Processing of Ceramics with Nanoparticle Reinforcements 
 
Despite the seeming complexity of nanoparticle reinforced ceramic nanocomposites, the 
fabrication of such materials is a relatively straightforward procedure. Niihara’s original work 
employed standard powder processing techniques along with hot-pressing in order to produce 
an array of near full density (>99%) nanocomposites [215]. This exact same method was also 
used successfully in the majority of early studies on alumina/silicon carbide [224, 312].  
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Fig. 2.61: Transmission electron micrograph of the alumina/silicon carbide (5vol%) ceramic 
nanocomposite produced by Niihara [215]. The red circle highlights a particle that has 
become enlarged as a result of agglomeration during powder processing. 
 
Unfortunately, this approach had a number of limitations regarding microstructural control. 
The raw powders that are used to prepare the alumina/silicon carbide nanocomposite 
structures, whilst simple and accessible, are also highly susceptible to agglomeration during 
processing, particularly the submicron-sized silicon carbide powders. As shown in Fig. 2.61, 
this can not only reduce the total number and the distribution of nanoparticles originally 
introduced to the microstructure, but also leads to the presence of oversized particles inside 
the matrix. At higher quantities of secondary phase material, particles can become so 
agglomerated that they are unable to enter the matrix grains, meaning they sit at grain 
boundaries inhibiting grain growth [313, 314, 315]. Fig. 2.62(a) shows that, in some cases, 
the presence of particles along grain boundaries can be so severe that micro-cracks develop 
along grain boundaries on cooling [ 316 ]. Other negative side effects of powder 
agglomeration include the formation of abnormally large grains, crack-like voids, and a 
generally inhomogeneous grain size distribution, examples of which are presented in Fig. 
2.62(b-d). 
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(a) 
 
(b) 
 
(c) 
 
(d) 
 
 
Fig. 2.62: Different types of agglomeration-induced microstructural defects: (a) micro-
cracking, (b) abnormal grain growth, (c) crack-like voids, and (d) inhomogeneous grain 
structure [227, 316]. 
 
In an attempt to alleviate the aforementioned issues associated with agglomeration, 
alternative methods have been developed which avoid the use of conventional powder 
processing. Xu et al, for example, adopted a sol-gel route involving the dispersion of silicon 
carbide nanoparticles in a boehmite sol, the boehmite acting as an alumina precursor [317]. 
As demonstrated by the histograms in Fig. 2.63(a-b), after gelation, calcination at 600 
○
C and 
densification via hot-pressing at 1600 
○
C, the resultant alumina/silicon carbide 
nanocomposites exhibited a narrower particle size distribution of smaller particles as well as 
a more homogeneous grain structure. Such a finding has since been confirmed in a dedicated 
study on the dispersion of alumina and silicon carbide powders in an alumina sol by Yang 
and Troczynski [318]. 
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(a) 
 
(b) 
 
 
Fig. 2.63: A comparison between ball-milled processed and sol-gel processed alumina/5vol% 
silicon carbide: (a) nanoparticle size distributions, and (b) grain size distributions [317]. 
 
The use of polymer-based processing is another popular method that has been extensively 
explored [227, 319, 320]. Su and Sternitzke were the first to adopt such an approach [321], 
which involves coating an alumina powder with a silicon-containing polymer precursor (e.g. 
polysiloxane, polysilazane, or polycarbosilane) [322]. The silicon-containing polymer is then 
transformed into silicon carbide during a controlled thermal heat treatment (pyrolysis) at 
~1500 
○
C before being densified via hot-pressing at 1700 
○
C. Su and Sternitzke report that 
the final nanocomposite contains well-dispersed, ultrafine nanoparticles with a final particle 
size of ~12 nm.  
 
In two separate investigations, one employing the sol-gel process [323] and the other using 
the polymer-based pre-ceramic method [227], the superior distribution of smaller 
nanoparticles compared with conventional powder processed nanocomposites was found to 
correspond with enhanced mechanical properties, in particular the strength. 
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2.2.4.3.2 – Effect of Nanoparticle Reinforcements on the Hardness 
 
The change in hardness with increasing additions of nanoparticulate reinforcements is a 
seldom studied topic of interest in the area of ceramic nanocomposites. Nakahira and Niihara 
were the first to perform hardness experiments on alumina/silicon carbide nanocomposites 
and found that the hardness was higher in the nanocomposites containing greater amounts of 
silicon carbide [324]. In a similar study, Parchovianský et al investigated the effect of 
nanoparticle size on the change in hardness observed in alumina/silicon carbide 
nanocomposites [235]. As shown in Fig. 2.64(a-b), the size of the nanoparticles introduced 
was found to have no effect, the silicon carbide content being the controlling parameter. 
 
 
 
Fig. 2.64: Hardness versus silicon carbide content for alumina/silicon carbide 
nanocomposites containing (a) coarse nanoparticles, and (b) fine nanoparticles. 
 
Based on their findings, both Nakahira and Niihara and Parchovianský et al stated that the 
increases in hardness in their results were caused by the presence of a harder silicon carbide 
phase and, thus, followed the rule of mixtures. However, subsequent investigations by 
Moradkani et al, Sciti et al, and Bľanda et al, whilst noting the same increases in hardness 
with higher silicon carbide contents, did not find the same relationship in their results [234, 
316, 325], calling into question the robustness of the mixture rule explanation originally 
proposed by Nakahira and Niihara. 
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2.2.4.3.3 – Effect of Nanoparticle Reinforcements on Fracture Mode  
 
(a) 
 
(b) 
 
 
Fig. 2.65: SEM micrographs of fracture surfaces demonstrating the change in fracture mode 
of: (a) alumina – intergranular, and (b) alumina/silicon carbide – transgranular [224]. 
 
In terms of the fracture behaviour, one of the principal findings of Niihara’s original study 
was the distinct transition from intergranular fracture, exhibited by monolithic alumina, to 
transgranular fracture, observed in the nanocomposite (see Fig. 2.65(a-b)) [215]. This 
transformation was explained by Levin et al based on the thermal expansion misfit between 
the silicon carbide (αT = ~4.4 × 10
-6
 K
-1) and the alumina (αT = ~8.9 × 10
-6
 K
-1
), which 
generates interfacial stresses [326]. Upon cooling, the silicon carbide nanoreinforcements 
undergo radial compression, resulting in localised regions of the alumina matrix around the 
nanoparticles being forced under tangential tension. Varying the silicon carbide content alters 
the residual stress distribution between these two entities with larger volume percentages 
correlating with reduced compressive stress and increased tensile stress and smaller volume 
percentages correlating with increased compressive stress and reduced tensile stress
 
[327]. 
During fracture, cracks initiate at the grain boundary and preferentially propagate across the 
grains through the weaker stress fields surrounding the nanoparticles, inducing transgranular 
fracture. This is illustrated in Fig. 2.66. 
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Fig. 2.66: A diagrammatic representation of the role nanoparticles play in changing the 
fracture mode of alumina/silicon carbide to transgranular [328]. 
 
2.2.4.3.4 – Effect of Nanoparticle Reinforcements on Fracture Toughness 
 
 
 
Fig. 2.67: A summary of the measured fracture toughness of alumina/silicon carbide 
nanocomposites as a function of silicon carbide content. 
 
Along with a change in fracture mode, Niihara’s work also proclaimed that the KIC of 
alumina/silicon carbide nanocomposites could be improved by up to 40% compared to pure 
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alumina [215]. However, repeat investigations found such a substantial increase to be largely 
inaccurate and concluded that, in reality, the actual toughening observed in alumina/silicon 
carbide nanocomposites is relatively insignificant [224, 226, 227, 228, 230, 234, 235]. A 
visual representation of the disparities between Niihara’s results and those of subsequent 
studies is presented above in Fig. 2.67. 
 
 
 
Fig. 2.68: An example of particle-induced crack deflection in alumina/silicon carbide 
nanocomposites [332]. 
 
Niihara proposed that the primary toughening mechanism in alumina/silicon carbide 
nanocomposites was crack deflection (see Fig. 2.68), a process also induced by the tensile 
tangential stresses around nanoparticles [215]. Here, the transgranular fracture paths of a 
nanocomposite zigzag along extended routes, leading to an increase in the total fracture 
energy of the crack compared with more linear cracks of the same length. In addition, crack 
paths can be forced along lattice planes of higher energy, increasing the fracture toughness 
based on the degree of tilt and twist [329, 330]. However, an in-depth TEM study by Jaio and 
Jenkins revealed that crack deflection was an infrequent event for both intra- and inter-
granularly located nanoparticles. Moreover, their observations suggested that crack deflection 
did not extend the transgranular crack paths of alumina/silicon carbide significantly, if at all, 
when compared against the convolute crack paths of intergranular fracture in pure alumina 
[331]. 
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Another toughening mechanism that has been put forth is that of particle crack-bridging by 
Ohji et al [332]. This is a similar mechanism to the grain-bridging observed in coarse-grain 
structures, but where bridging is facilitated by the compressive residual stresses which 
generate a strong interface between the nanoparticle and the matrix material. As 
demonstrated in Fig. 2.69, it was suggested by Ohji et al that this could constrain the COD, 
thus inhibiting crack extension and generating a steep R-curve. Calculations made by Ohji et 
al revealed that, even by negating the tangential tension about the nanoparticles that reduces 
the fracture toughness, the net toughness gain of particle crack-bridging (with a particle 
diameter of 50 nm) could be up to ~2.6 MPa·m
1/2
 at 50 vol%.  
 
 
 
Fig. 2.69: Schematic diagram demonstrating how the intragranular particles strongly bond 
the matrix/matrix interfaces, pulling a crack closed and suppressing crack extension [332]. 
 
However, in two separate studies by Meschke et al [229] and Hoffman and Rödel [333], 
actual measurements of COD showed that grain bridging, associated with the intergranular 
fracture of pure alumina not the transgranular fracture of ceramic nanocomposites, was 
superior to the particle bridging mechanism proposed by Ohji et al Meschke et al, therefore, 
suggested that particle crack-bridging, and the steep R-curve believed to come with it, was 
unlikely to occur in alumina/silicon carbide nanocomposites. This was confirmed by 
Hoffman and Rödel, who showed that alumina/silicon carbide only displays a very weak R-
curve with the KIC only rising from 2.07 to 2.21 MPa·m
1/2
 over a 700 μm crack length. Based 
on the aforementioned studies, it is generally believed that any change in fracture toughness 
between pure alumina and alumina/silicon carbide is negligible.  
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2.2.4.3.5 – Effect of Nanoparticle Reinforcements on Strength 
 
Whilst the toughening effects of nanoparticle reinforcements are considered to be largely 
insignificant, the strengthening that can be achieved is thought to be far more substantial. The 
largest increases in the strength were also reported by Niihara in his classic paper, declaring 
maximal increases in bend strength of ~300% [215]. Once again, repeat studies by multiple 
authors have questioned the magnitude of this increase, their own experiments yielding far 
milder increases [224, 225, 227, 228, 230, 232, 235]. Still, it is generally agreed that there is 
an increase in strength with the introduction of nano-sized particles. The graph below in Fig. 
2.70 shows the different data sets produced up to this point. 
 
 
 
Fig. 2.70: A summary of the measured bend strength of alumina/silicon carbide 
nanocomposites as a function of silicon carbide content. 
 
According to eq. (2.30), the strength of a material can be improved by increasing the fracture 
toughness or reducing the critical flaw size. Given it has been demonstrated that there is no 
significant change in the toughness, variations in KIC are unable to account for any strength 
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improvement in the nanocomposite. Consequently, the two primary strengthening 
mechanisms that have been proposed focus on factors that influence the intrinsic flaw 
population. One of these centres on the idea that high surface residual compressive stresses in 
the nanocomposite, introduced during machining, grinding and polishing, inhibit the failure 
of surface flaws by resisting crack propagation, a concept originally hypothesised by Zhao et 
al [224]. These high compressive stresses (~590 MPa for the nanocomposite and ~150 MPa 
for the alumina) correlate with a layer local plastic deformation at the polished surface, the 
thickness of which is up to 10 × larger in the nanocomposite compared to the monolithic 
alumina because of the materials higher propensity to generate dislocations [233]. However, a 
study by Wu et al showed that after annealing specimens to remove such residual stresses, 
alumina/silicon carbide nanocomposites had an even higher strength compared to pure 
alumina (see Fig. 2.71) [231]. This proved that the presence of surface compressive residual 
stresses is unable to justify the strengthening exhibited by ceramic nanocomposites. 
 
 
 
Fig. 2.71: Mean 4-point bend strength data for pure alumina and alumina/silicon carbide of 
equivalent grain size after grinding (g), polishing (p), and annealing (a) for 2 hrs and 10 hrs 
[231]. 
 
Following this, the second primary mechanism takes a more direct approach to explain the 
increase in strength and assumes that the introduction of nano-sized particles modifies the 
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intrinsic flaw population by altering processing characteristics [224, 227, 230, 320]. This is 
reviewed in further detail below. 
 
2.2.4.3.6 – Effect of Nanoparticle Reinforcements on Flaw Population 
 
The effect nanoparticle reinforcements have on the flaw population of ceramic 
nanocomposites is a topic of interest that is best addressed by the work of Sternitzke et al 
[320]. From their study it was shown that, regardless of the processing method employed 
(powder or polymer-derived processing), alumina/silicon carbide nanocomposites possessed 
smaller Griffith and processing flaws when compared to pure alumina (see Fig. 2.72(a-b)). 
 
 
 
Fig. 2.72: Measured processing and calculated Griffiths-flaw-size distributions for: (a) 
powder-processed nanocomposites, and (b) nanocomposites processed via a polymer 
processing route [320].  
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These results are consistent with other publications discussing flaw population refinement in 
ceramic nanocomposites [224, 227, 230]. However, despite such agreement, no consensus 
was formed regarding how the nanoparticles achieve this. Consequently, a number of authors 
have proposed various theories to explain this behaviour: 
 
1. Niihara and co-workers attributed the reduced flaw size and distribution to the 
nanoparticles located at grain boundaries, the flaw size changing from the entire grain 
boundary length/grain size to the distance of inter-particulate spacing between each 
nanoparticle [214, 215, 334].  
 
2. Jang et al believed that the reduced flaw sizes where a result of the narrower grain 
size distributions exhibited by nanocomposite structures [335]. Here the thought was 
that with less large grains present, the number of larger sized flaws would be 
intrinsically lower. 
 
3. Sternitzke et al stated that a major contributor to the flaw populations is processing 
flaws. In the nanocomposites, the presence of nanoparticles eliminates agglomerate 
formation during the drying of slurries, thus reducing the number of processing flaws 
[320]. 
 
4. Carroll et al and Zhao et al proposed that the reduced flaw size and distributions was 
due to the suppression of machining-induced damage [224, 227]. This was later 
confirmed in a dedicated study by Winn et al [336]. Here, it was found that, at certain 
volume percentages, the presence of silicon carbide nanoparticles at the grain 
boundary can help suppress crack initiation that is usually activated in pure alumina 
during mechanical polishing. This resulted in less grain pull-out and, in turn, less 
flaws, particular those equal to the grain size. 
 
Whilst the dominating mechanism that leads to the reduced flaw populations in the 
nanocomposites remains unknown, it is clearly evident, based on the literature, that both the 
flaw size and the flaw size distributions are reduced in the nanocomposites. 
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2.3 – Concluding Remarks 
 
In producing an extensive review of the work that has been completed to this date, the 
following gaps in the literature have been revealed: 
 
1. There is still a limited understanding of the relationship, if any, between the 
performances of ceramic materials under quasi-static, dynamic and ballistic test 
conditions. 
 
2. Although extensive empirical experimentation indicates that ceramics of higher 
hardness, higher fracture toughness, and higher compressive strength provide better 
armour performance, there is a limited understanding of the respective contribution 
each of these properties make towards the improved armour performance and the 
interrelationships between them.  
 
3. Despite significant work having been performed on the role plasticity plays in quasi-
static indentation tests, similar investigations in dynamic and ballistic impacts are 
lacking, the principal focus having been the fracture damage generated during such 
impacts. 
 
4. It is well-established that a change in the microstructure i.e. grain size, porosity level, 
grain boundary composition, etc., can have a marked impact on the mechanical 
properties of ceramics, which, in turn, affects the plastic deformation and cracking 
damage response under quasi-static conditions. However, whether the same changes 
have the same affect at dynamic and ballistic tests conditions remains inconclusive.  
 
5. Alumina/silicon carbide nanocomposites have been shown to offer superior hardness. 
At present, no universally accepted mechanism has been put forth that conclusively 
explains the increase in hardness observed in alumina/silicon carbide nanocomposites 
with increasing volume percentages of silicon carbide. 
 
6. As well as the superior hardness displayed by alumina/silicon carbide 
nanocomposites, they have also exhibited improved fracture strength and wear 
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resistance compared to monolithic alumina ceramics. However, whether the former 
are able to outperform the latter under dynamic and ballistic impacts has not been 
investigated in the literature. 
 
Based on the research gaps found in the literature, the refined aims of this work are as 
follows: 
 
1. To fully characterise the evolution of quasi-static indentation damage in a range of 
armour ceramics and potential armour ceramic nanocomposites with varying 
microstructural features. 
 
2. To develop a scaled-down, low-load, low-velocity, DW test, employing a small-scale 
spherical indenter as a projectile, to generate dynamic damage in the same armour 
ceramics and potential armour ceramic nanocomposites. 
 
3. To characterise the sub-surface cracking produced by the dynamic contacts using 
ultraviolet fluorescence microscopy and the plastic deformation and surface residual 
stress underneath the contact through Cr
3+
/Al2O3 fluorescence spectroscopy. 
 
4. To identify the damage mechanisms that contribute to both the quasi-static hardness 
and the dynamic depth of penetrations experienced by the ceramic and ceramic 
nanocomposite specimens and to link these mechanisms to the microstructural 
changes. 
 
 
 
 
 
 
 
 
 
 
 
 
Chapter 3 – Experimental 
88 
 
Chapter 3 – Experimental Procedure 
 
3.1 – Materials Fabricated and Supplied 
 
This chapter details the experimental methodologies practised in the manufacturing of 
materials, the preparation of samples, testing procedures and the characterisation of the 
eventual samples. It is worth noting, that for the purposes of providing a comprehensive study 
into the role that various microstructural features have on the quasi-static and dynamic 
performance of ceramics, a wide range of materials were tested. Consequently, a selection of 
materials have been provided by commercial partners. In such cases, as much detail on the 
fabrication of each material is given. 
 
3.1.1 – Alumina 
 
3.1.1.1 – Varying Degrees of Microstructural Heterogeneity 
 
Alumina discs, measuring ~30 mm in diameter and ~8 mm in thickness, were prepared by 
initially ball milling ultra-fine, 99.99% pure, α-Al2O3 powder (TM-DAR, Taimei Chemicals 
Co. Ltd, Japan) with a mean particle size of 100 nm in n-butanol (Sigma Aldrich Corp., USA) 
at 200 rpm for 24 hrs using an alumina milling media. This suspension was then dried in an 
oven at 40 °C for a further 24 hrs to remove any of the residual solvent. The resultant dry-
solid was subsequently crushed and ground in a pestle and mortar and sieved to remove any 
large agglomerates. The final powder was then placed in a steel die with a 40 mm bore 
diameter and pressed at ~65 MPa using a 15 tonne hydraulic press. This was followed by 
isostatic-pressing at ~200 MPa.  
 
During sintering, full densification of each green body was achieved by adopting a two-stage 
heating profile in air. In the first-stage, samples were heated at a rate of 5 °C/min to 1050 °C 
and dwelled for 10 hrs. Immediately after the first-stage sintering, each sample was taken, at 
the same rate of 5 °C/min, to a final densification temperature of 1400 °C, 1500 °C or 1600 
°C for 4 hrs. Based on the final sintering temperature, the heterogeneity of the alumina 
microstructures should increase. Consequently, the alumina samples sintered at 1400 °C, 
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1500 °C, and 1600 °C are herein referred to as U-Al2O3, B-Al2O3 and H-Al2O3 respectively 
because of the uniform, bimodal and heterogeneous grain structures they each exhibit.  
 
3.1.2 – Silicon Carbide 
 
3.1.2.1 – Varying degrees of Microstructural Heterogeneity 
 
For silicon carbide, large tiles of monolithic α-SiC ceramic were supplied by Morgan AM&T 
(Swansea, UK). Again, all were die-pressed from the same starting powders and initially 
sintered in a vacuum furnace at a temperature of ~1900 °C. Differences in the grain size and 
morphology were subsequently achieved through a post-sintering annealing process at ~2000 
°C over selected dwell periods. In general, ceramics that remain unexposed to such a heat 
treatment will maintain smaller grains of an equiaxial form, whilst a prolonged dwelling time 
promotes abnormal grain growth leading to larger grains of an elongated or plate-like shape. 
In this case, as-received samples included; one which was not subjected to any post-sintering 
heat treatment, herein coded as U-SiC because of its unimodal microstructure; one which was 
heat treated for a short period, herein coded as B-SiC because of its bimodal microstructure; 
and one that was heat treated for a long period, herein coded as H-SiC because of its 
heterogeneous microstructure. 
  
3.1.2.2 – Varying Processing Routes 
 
Commercially available ballistic grade hot-pressed and pressureless-sintered silicon carbide 
ceramics were provided by NP Aerospace (UK). The hot-pressed Cercom PAD SiC X-1 was 
produced by CoorsTek (USA) and has a reported density of 3.23 g/cm
3
. The pressureless-
sintered sample of Hexoloy® SA SiC, manufactured by Saint-Gobain Ceramics (Courbevoie, 
France), has a reported density of 3.10 g/cm
3
. Based on their respective data sheets, both 
silicon carbide samples exhibit comparable mechanical properties of hardness, fracture 
toughness and flexure strength. However, because of confidentiality requirements, full details 
cannot be given on each materials fabrication and/or their exact chemical composition. 
Throughout the rest of this document these two materials will be referred by their trade 
names, with Pad-SiC and Hexoloy-SiC symbolising hot-pressed silicon carbide (Cercom 
PAD X-1) and pressureless-sintered silicon carbide (Hexoloy® SA), respectively.  
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3.1.3 – Alumina/Silicon Carbide 
 
3.1.3.1 – Varying Volume Percentages of Silicon Carbide Nanoparticles 
 
For this study, one pure alumina and six alumina-based nanocomposites containing 0.3, 1, 3, 
5, 10 and 20 vol% silicon carbide nanoparticles were prepared via hot-pressing. This 
involved first dispersing α-SiC powder UF 45 (Lonza, Germany), with an average particles 
size of ~90 nm, in deionised water for 20 minutes using an ultrasonic probe. The resultant 
suspension was then added to an attrition miller and, using a zirconia milling media, was 
mixed for 2 hrs at 500 rpm with a dispersing agent of Dispex A40 (Allied Colloids, UK) and 
99.99% pure, AKP53 (Sumitomo, Japan) α-Al2O3 powder with a sub-micrometre particle 
size. The final slurry was subsequently freeze-dried for 24 hrs. Prior to hot-pressing, the dry 
powder was sieved to remove any large agglomerates.  
 
In order to control the growth of alumina grains and to ensure an equivalent mean grain size 
of ~1-3 µm across the entire set of samples, the pure alumina and all the nanocomposites 
were hot-pressed in a graphite die at 1550 °C and 1700 °C respectively for 1 hr under a 
pressure of ~20 MPa in flowing argon. In doing so, full densification of all the samples was 
achieved.  
 
In the following chapters, each nanocomposite will be named according to their silicon 
carbide content i.e. 0vol% - 20vol%.  
 
3.1.4 – Summary of the Materials and Tests Performed 
 
Table 3.1 summarises the work done on each sample. 
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Table 3.1: List of samples and the corresponding tests and characterisation techniques 
performed. 
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Al2O3 Heterogeneity x x  x x x x x 
SiC 
Heterogeneity x x x x x x x  
Processing Route x x x x x x x  
Al2O3/SiC 
Nanocomposite 
Volume 
Percentage of SiC 
Nanoparticles 
x x  x x x x x 
 
3.2 – Sample Preparation 
 
Depending on the material, two different polishing machines were used to avoid cross-
contamination of the samples. In all cases, each step of the lapping/polishing sequence was 
selected to remove all surface damage introduced by the previous step and carried out until a 
smooth, high-shine 1μm surface-finish was accomplished. 
 
For Vickers indentation, the larger as-prepared or as-received samples were cut into small 
sections using a Belle Maxitile 260 diamond tile saw (Belle Engineering Ltd., UK). These 
pieces were then subsequently mounted in an epoxy resin and polished in accordance with the 
procedures described below.  
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3.2.1 – Alumina and Alumina/Silicon Carbide 
 
For the alumina and the alumina-based nanocomposite samples, lapping and polishing was 
performed on a Tegramin-25 polishing machine (Struers, USA). Here, resin-bonded diamond 
discs of 220-1200 mesh (larger mesh equating to smaller diamond grit size) were used in 
ascending order to remove any excess resin and to ensure an even surface. The next stage 
involved polishing each surface using a set of soft cloth plates together with corresponding 
abrasive diamond slurries of 9 µm, 3 µm and 1 µm. 
 
3.2.2 – Silicon Carbide 
 
Ahead of lapping and polishing, silicon carbide samples were fixed onto flat mild steel blocks 
using a hard, high strength mounting wax (Testbourne Ltd, UK). Due to dissimilarities in the 
height of each sample, initial levelling of the surface had to be undertaken using an 
Axminster Sieg U2 1000W drill (Axminster Tool Centre, UK) under the following 
conditions: 60 mm diameter, with a 100 μm diamond size, core drill bit at a rotation speed 
450 rpm and a feed depth of 20 μm per pass. This coarse grinding was followed by lapping 
and polishing on a bench mounted KEMET 15 flat-bed diamond lapping machine (Kemet 
International, UK). Diamond slurries of 25 µm, 8 µm were used in conjunction with a hard 
plate, whilst a soft cloth was used for polishing at 3 µm and 1 µm.  
 
3.3 – Density Measurements 
 
Density measurements were made using a Sartorius density determination kit in combination 
with a CP224S analytical balance (Sartorius AG, Goettingen, Germany). By applying 
Archimedes principle, the densities of prepared samples could be measured using the 
following equation: 
 
          
wa
a
w
WW
W

                (3.1) 
 
where Wa and Ww is the mass of the sample in air and water respectively and ρw is the density 
of water based on the measured temperature.  
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3.4 – Resolving Microstructures 
 
3.4.1 – Alumina and Alumina/Silicon Carbide 
 
Thermal etching was employed to observe the grain structure of the polished alumina and the 
alumina-based nanocomposite materials. For pressureless-sintered samples, this was achieved 
at a temperature of ~150 °C below the final densification temperature, whereas the hot-
pressed alumina and alumina/silicon carbide nanocomposites were etched at 1250 °C and 
1400 °C respectively, ~300 °C below their final hot-pressing temperatures. For the samples 
containing silicon carbide nanoparticles, thermal etching was carried out in argon in order to 
reduce any oxidation. After etching for 20 minutes, observations of each microstructure were 
made under SEM, the details of which are given below. 
 
3.4.2 – Silicon Carbide 
 
Silicon carbide samples were chemically etched to expose the microstructure by introducing 
them to a modified Murakami’s reagent containing 3 g of potassium hydroxide (≥85% KOH), 
30 g of 99% pure potassium ferricyanide (Fisher Scientific International Inc., USA) and 60 
ml of distilled water. The polished samples were submerged in the boiling solution for 20-25 
minutes and regularly checked under an optical microscope until a satisfactory etch was 
achieved. Once again, final imaging was completed under SEM. 
 
3.5 – Measurement of Microstructural Features  
 
3.5.1 – Intercept Method 
 
As demonstrated in Fig. 3.1, planar estimations of grain size were made using the intercept 
method by superimposing an evenly spaced grid of test lines over SEM images of etched 
samples and measuring the distance between the points at which the grain boundary 
intersected the grid, known as the intercept length. The process of overlaying a grid on top of 
SEM images was achieved using graphic editing software (Adobe Photoshop, USA), whilst 
the measurements were made in a programme better suited for image analysis (ImageJ, 
USA). Due to the millimetre- to micron-sized grain distribution exhibited by some of the 
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heterogeneous materials tested, this method was practiced 5 times on SEM images taken over 
a series of magnifications. At low magnification, grains deemed too small for measurement 
were overlooked, but remain accounted for at higher magnifications. This unconventional 
approach does not conform to the leading ASTM standard for determining the average grain 
size. Consequently, no correction factor has been applied to the intercept length values in the 
following chapters. 
 
 
 
Fig. 3.1: An example of the intercept method used to measure the grain size of various 
ceramic samples. 
  
3.5.2 – Manual Method 
 
Measurements of grain aspect ratios were made by manually measuring the maximum lengths 
and widths of individual grains using ImageJ, the width being measured along a line that is 
perpendicular to the original grain length measurement. The same approach has also been 
used to measure the size of pores in SEM images of sample fracture surfaces. For statistical 
reliability, measurements of grain aspect ratios and pore sizes were made over 1000× across 
multiple SEM images.  
 
Total length measurements of surface cracks around Vickers indents and DW impressions 
have also been made using this method, the final cited value being the average total crack 
length measured over 3 impressions. 
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3.5.3 – Automatic Method  
 
Nanoparticle size distributions were determined by measuring the diameter of nanoparticles 
present in the microstructures of each alumina/silicon carbide nanocomposite. These 
distributions were then used to estimate the particle D
50
 i.e. the median diameter. 
Measurements of nanoparticles were made by importing SEM images of etched 
nanocomposite microstructures into Adobe Photoshop and tracing around the nanoparticles 
so as to create a binary contour map of the nanoparticles to be measured. This was then 
imported into ImageJ and analysed automatically using the ‘Analyse Particles’ programme 
function in order to acquire the Feret diameter of the outlined nanoparticles (the length of the 
longest line achievable inside a set geometry).  
 
 
 
Fig. 3.2: A typical nanoparticle size distribution histogram fitted with a Gaussian distribution 
curve. The cumulative volume percentage is used to determine the D50. 
 
This acquired data was then divided into a series of intervals with a step size of 0.01 µm. In 
binning the results, histograms of nanoparticles size ranges, like the one presented in Fig. 3.2, 
were generated. These were then fit with a Gaussian distribution curve. The normalised 
values of these curves were then converted into cumulative volume percentage from which 
the D
50
 was determined. 
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3.6 – Vickers Hardness and Vickers Indentation Fracture 
 
Two Vickers indenters were employed to produce indents; a Mitutoyo HM-124 (Mitutoyo 
UK Ltd, UK) at loads of 0.05-2 kgf (0.49-19.61 N) and an Innovatest Nexus 4503 (Innovatest 
Europe, Netherlands) for higher loads of 2.5-10 kgf (24.51-98.07 N). Both machines boast a 
load accuracy of <1%. All tests were performed with a 15 second holding time and at room 
temperature. For the Vickers hardness, at least 5 indents were made at each load and 
comprised of minimal crack formations, voids and any other features which may inhibit their 
precise dimensional assessment. The resultant indents were imaged in the SEM and measured 
using ImageJ. The hardness (H) was calculated using following eq. (2.1), where d is an 
average of the respective horizontal and vertical diagonal length for each indent in mms, α is 
a constant contingent on the indenter shape with a value of 1.8544 for a Vickers profile, and 
P is indentation load in kgf.  
  
In order to deconvolve the a1 and a2 terms via regression analysis, the hardness values 
acquired over the aforementioned load regimes were fit using the PSR model in eq. (2.15). In 
doing so, we adopt the same principles described by Swain and Wittling [103] and Quinn and 
Quinn [80]. Here, the a2 denotes the resistance to crack-free plastic deformation, which can 
be used to estimate the load-independent hardness based on the indenter profile, and the a1 
term is related with the degree of cracking introduced by indentation. Consequently, we will 
use the numerical values derived from eq. (2.15) as supporting evidence to demonstrate 
differences in the amount of fracture surface area created during Vickers indentation in the 
various materials and microstructures examined throughout. 
 
The Vickers indentation fracture (VIF) toughness was determined based on the length of 
radial cracks which emanate from the corners of Vickers indents. For such tests, indents were 
produced over a load regime of 0.3-10 kgf on the Innovatest Nexus 4503 and measured using 
the curtain eyepiece. The fracture toughness could subsequently be calculated using the 
equation of Anstis et al given below [61]: 
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where E is the Young’s modulus, H is the hardness in GPa and c is the total distance from the 
centre of the impression to the radial crack tip in µms. 
 
3.7 – Hertzian Indentation and Flaw Population Measurements 
 
Hertzian indentation was carried out using a CK10 testing machine (Engineering Systems, 
UK) fitted with a wide-band acoustic emission transducer at a frequency of 90kHz to detect 
the loading point at which characteristic Hertzian ring-cracks initiated on the surface. 
 
All tests were performed on material surfaces after 1 µm polishing and using spherical 
indenters of 1.5 mm, 2.5 mm and 5 mm radiuses. In order to ensure near-perfect Hertzian 
contact, the balls of each spherical indenter were rotated after only 3 loading cycles to renew 
the contact surface and were replaced after every 10 tests. For each material tested, the 
composition of the indenter was matched to avoid any complications due to friction at the 
contact interface. Given that the elastic properties were identical, the contributions of friction 
have been ignored in the following calculations.  
 
The Hertzian indentation tests involved measuring, over ~25-30 indents, the minimum load 
(Pmin) at which the aforementioned Hertzian cracks initiate and the size of the resultant ring-
crack. The cumulative probability of ring-crack generation with increasing load during 
Hertzian indentation for each specimen was determined by:  
 
                                                               
1

N
n
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                                     (3.3) 
 
where n is the order number of each data point after the cracking loads (Pn) have been 
arranged in ascending order and N is the total number of data recorded.  
 
In accordance with Warren [110], the KIC can be attained using the following equation: 
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where minFNP  is a dimensionless constant that depends solely on the Poisson’s ratio, ν, of the 
tested material. For alumina, 0.24 is deemed reasonable, whilst, for silicon carbide, this is 
assumed to be 0.17, corresponding to 
min
FNP  values of 2790 and 1386 respectively, as 
tabulated by Warren [110]. The ball radius is denoted as R, and E* is determined by: 
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In establishing the Pmin and ring-crack diameters, Warren showed that the size and density of 
surface flaws, assumed to be a half-penny shape, perpendicular to the surface and parallel 
with the radial direction of their normals, can be estimated as follows [110].  
 
By understanding that a ring-crack with a radius of ri is generated under an indenting load of 
Pi, the flaw size (ci) can be calculated using the equation below: 
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where, Y is a geometric factor approximately equal to 0.713.  
 
Consequently, the total area searched, A(Pi,ci), in loading up to Pi is defined by: 
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here, rmax and rmin are the maximum and minimum distance at which a flaw, with a size larger 
than ci, may be detected away from the centre of the Hertzian contact region. The rmax and 
rmin can be estimated using eq. (3.8a) and eq. (3.8b) respectively: 
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The estimated flaw density for cracks at a length equivalent to ci is the reverse of the searched 
area by the indenter: 
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3.8 – Drop-Weight Impact Testing 
 
(a) 
 
(b) 
 
   
Fig. 3.3: The DW testing apparatus presented as: (a) a photograph, and (b) an annotated 
schematic diagram. 
 
Dynamic impacts were simulated using a scaled-down DW test setup, the apparatus of which 
is displayed above in Fig. 3.3(a-b). As presented, it consisted of a heavy steel base plate on 
which a screw clamp system was located together with two rails. Situated at the top of the 
rails were two rectangular blocks of steel. The top one was fixed directly onto the rails and 
provided rigidity to the whole piece of equipment as well as acting as a point at which the 
protective casing could be attached. The second metal block below the aforementioned one 
was the DW load. Attached to this was the blunt indenter holder. This was a cylindrical piece 
of steel with a half-sphere shaped hole bored into one end in order to accommodate a ball 
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indenter. On the other end was a pin which fed into a hole on the underside of the load. A 
grub screw was then tightened from the front face, securing the blunt indenter holder in place. 
The load was released by pulling on the circular quick release pin at the top.  
 
All DW tests were performed using a 2 mm tungsten carbide ball. A blunt indenter was 
employed to avoid the stress singularity imposed by a sharp indenter. For each load, a total of 
5 single hit tests were performed at different sites across the sample with all tests being 
completed at room temperature. Prior to DW testing, the samples were positioned directly on 
top of a securely fastened, thick ceramic block (~50 mm thick) made of the same material as 
that being tested. For the alumina-based nanocomposites, a block of monolithic alumina was 
used. It is worth noting, that whilst the supporting block was securely fastened to the steel 
base plate using a screw-clamp system, the tested samples remained unconfined and were 
only held in place on top of the supporting ceramic block by a thin layer of vacuum grease. 
 
During testing, a weighted load of between 0.15-1.8 kg (5.88-17.65 N) was released from a 
height of ~0.5 m at a velocity, v, of 3.13 ms
-1
 as determined by: 
 
     xgv  2             (3.10) 
 
where g is the acceleration due to gravity and x is the displacement equal to the height of the 
DW testing equipment.  
 
 
 
Fig. 3.4: Schematic diagram showing the dimensional change (strain) in the engaged material 
(shaded area) during impact testing. 
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Inputting this velocity into eq. (3.11) below gives an estimated strain rate along the surface of 
>10
4
 s
-1
. 
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where ε is the strain rate and L0 is the original dimensions in the axial direction of the 
engaged material that was affected by the propagating stress wave after impact, L(t), see Fig. 
3.4. In the example above, we assume that the L0 is equal to the size of the lateral contact, set 
at 0.2 mm. 
 
 
 
Fig. 3.5: Frames taken from high-speed camera footage of the DW impact process: (a) shows 
the sample prior to damage, (b) at 0.45s the impacting head comes into view, (c) at 0.75s the 
blunt indenter hits the surface, (d) at 1.3s the load bounces back generating a residual 
impression on the samples surface. 
0.45s 
1.3s 0.75s 
0s 
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By altering the load of the DW impact, the energy density, e, varies at the point of contact. 
Such a change is quantifiable using the following equation based on the mass, m, the loading 
velocity, v, and the radius of contact, r: 
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               (3.12) 
 
Here, r is equal to 0.5L0. Whilst a range of DW loads were used in the work that follows, the 
standard load was ~0.6 kg (5.9 N), giving an impact energy density of ~94 J/mm
2
. 
 
As shown in Fig. 3.5(a-d), frames from a high-speed camera video, taken on a HyperVision 
HPV-1 (Shimadzu, Kyoto, JPN) at 20,000 frames per second, demonstrate the DW process, 
showing the indenter impacting the surface and the generation of a crater.  
 
3.9 – Microstructure Characterisation 
 
3.9.1 – Optical Microscopy (OM) 
 
All conventional optical microscopy was undertaken on a Reichert-Jung MEF3 optical 
microscope (Reichert Technologies, USA). In general, this involved bright-field imaging of 
cross-sectioned DW impressions with a polarised light configuration and at low 
magnifications of 20-50×. For more immediate sample observations, a straightforward 
Optiphot-100 optical microscope (Nikon, Japan) was used at magnifications of between 100× 
to 200×. Despite only requiring relatively low magnifications, both machines were capable of 
reaching 1000×. 
 
3.9.2 – Ultraviolet Fluorescence Microscopy (UVFM) 
 
Ultraviolet fluorescence microscopy was employed to expose the crack patterns of 
impressions generated by DW tests and to resolve the subtle ring-cracks that form during 
Hertzian indentation. For the DW impact test samples, this technique required initially 
polishing the surface with a 1 µm diamond slurry to expand any crack openings, a process 
that was not necessary for the Hertzian ring-cracks due to their depth. The cracks were then 
infiltrated with a 0.025 mg/ml concentration of fluorescein (Agar Scientific, UK) and 
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isopropanol (Sigma Aldrich Corp., USA) by saturating the sample surface. A pipette was 
used to ensure an even distribution. Following the evaporation of the isopropanol, the excess 
fluorescein particles were manually wiped away using distilled water. Care was taken to 
make sure the fluorescent dye was not washed out in the process. Samples were then imaged 
under a Leica DMRX optical microscope (Leica Microsystems GmbH, Germany) with a 
modified UV light source at magnifications of 50-100×. 
 
3.9.3 – 3D Optical Microscopy 
 
In order to compose 3D surface plots of individual craters generated by DW impact tests, a 
Zygo NewView 5000 (Zygo Corp., USA), utilising scanning white light interferometry and 
boasting an axial (Z) resolution of <0.1 nm, was used with a 2.5× objective lens and a 0.4× 
zoom control. Measurements were made over a depth range of ~20 µm and in certain cases, 
due to the size of some impressions, required multiple lateral (X, Y) maps to be stitched 
together to create a completed surface typography. Depth and diameter measurements were 
made by extracting profiles from each impression using Talymap 3D analysis software 
(Taylor Hobson Ltd, UK). As demonstrated in Fig. 3.6, profile lines were taken directly down 
the middle of the residual impression. 
 
 
 
Fig. 3.6: 3D optical microscopy of the contact damage sustained during DW impact tests 
represented as a 2D surface map. The red dashed line represents where profiles were 
extracted in order to determine the depth and diameter of each crater. 
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3.9.4 – Field Emission Gun Scanning Electron Microscopy (FEGSEM)  
 
All FEGSEM related work was carried out in a Carl Zeiss (Leo) 1530VP scanning electron 
microscope (GmbH, Elektronenskopie Oberkochen, Germany). Such tasks included, 
microstructural observations, the dimensional assessment of Vickers indents, measurements 
of grain size, pore size and shape, and fracture mode determinations. For high-resolution 
SEM and Inlens imagery, the accelerating voltage was set to 5.00 kV and the working 
distance was kept to within 5-8 mm. 
 
In preparing the samples for FEGSEM, provisions were made to increase their conductivity 
so as to prevent charging. This included placing the samples onto an adhesive carbon-based 
disc (Agar Scientific, UK) that was already attached to an aluminium stub and applying a 
small amount of Agar fast drying silver suspension (Agar Scientific, UK) to both sides. In the 
poorly conductive alumina and alumina/silicon carbide samples, which are particularly 
susceptible to charging, a thin coating of gold-palladium was deposited at the surface using a 
Polaron Emitech SC7640 sputter coater (Quorum Technologies Ltd, UK). 
 
Immediately prior to mounting the samples in the FEGSEM, compressed air was used to 
remove dust or any other undesirable particles which may conceal key features in the 
microstructures. 
 
3.9.5 – Fluorescence Spectroscopy 
 
By capitalising on the benefits of the Cr
3+
/Al2O3 fluorescence microscopy technique 
employed in some of the studies described in Chapter 2 [170, 192], the contact damage-
induced stress condition experienced by monolithic alumina and the alumina-based 
nanocomposites can be quantified.  
 
In this experimental technique, an optical microscope focuses a laser source, of a 
predetermined wavelength, onto an exposed surface. By absorbing photons, the electrons of 
luminescent sensor molecules are excited from a stationary energy state, where the system 
remains constant with time, to one of various vibrational energy states. These excited 
molecules can either; lose some or all of the extra energy in collisions with other molecules, 
fall apart if the extra energy is large enough, or, as in fluorescence, drop down to a lower 
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vibrational state or back to their original ground state, during which a photon is emitted. The 
energies of these radiated photons differ depending on the vibrational level to which the 
electrons have dropped, influencing their wavelength and frequency. 
 
In material science, according to the piezo-spectroscopic effect described by Grabner [337], 
when a stress is applied to an appropriate material, the luminescence signal can 
systematically shift due to the established lattice strain. Alumina-based ceramics are well-
known for containing a Cr
3+
 substitutional impurity that gives rise to the easily detectable R1 
and R2 fluorescence spectral peaks. Thus, in a stressed single crystal of alumina probed for 
the Cr
3+
 fluorescence, the change in frequency, Δv, can be described by: 
 
      ijijv              (3.13) 
 
where σij is the stress component in GPa, Πij is the piezospectroscopic coefficient along a 
defined crystallographic plane in cm
-1
GPa
-1
, and Δv is the change in peak position and 
wavelength with respects to the stress-free peak position taken from the fracture surface of 
each material (an average of 20 random measurements) in cm
-1
. Any peak shifting or 
broadening is then associated with the residual stress and dislocation density respectively 
[338]. Generally, a negative peak shift indicates the presence of a compressive stress, whilst 
peak broadening suggests an increase in dislocation density. Following the model of Wu et al 
[339], dislocation densities were calculated based on the difference in width between the 
measured R1 peak and the reference R1 peak, ∆μ2, using eq. (3.14): 
 
 )(
2  KF                 (3.14) 
 
where K is a constant related to the lattice parameters of the alumina crystal and the piezo-
spectroscopic coefficients. As presented in eq. (3.15), F(ρ) is a function that correlates with 
the dislocation density, ρ, as follows: 
 
                                                            bF /1ln                         (3.15) 
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For a single dislocation, the relative contribution to the peak broadening at each position is 
integrated over the volume between an inner and outer cut-off radius (ri and r0). A stress 
singularity at the dislocation core means that ri is approximated to the Burgers vector, ri = b, 
where b = 0.476 nm. Assuming that dislocations are uniformly distributed, the outer cut-off 
radius is related to dislocation density through the following relationship ρ = 1/πr0
2
.  
 
All of the fluorescence microscopy experiments presented herein were performed over a 
spectrum of 14,250cm-1 to 14,550cm-1 (~700-685 nm) using a Horiba Jobin-Yvon LabRam 
HR confocal Raman microscope (Horiba Scientific, Japan) and a 633 nm red line of He-Ne 
laser powered to 17 mW. For a high spectral resolution, light was dispersed by a holographic 
grating with 1800 grooves/mm. A 50× objective lens was used in conjunction with the 
confocal setup, consisting of two 50 µm pinhole apertures at 90° to one another, to give an 
approximate beam diameter of 1 µm. This configuration also ensured that data was only 
taken from the surface and not the bulk material. 
 
  
 
Fig. 3.7: A simplified diagram depicting the position of the scan grid in a typical Cr
3+
 
fluorescence map taken across half a cross-sectioned 2 kgf Vickers indent. 
 
For the Vickers indents, fluorescence mapping was carried out over half a cross-sectioned 2 
kgf indent. This involved focussing on the fracture surface plane by adjusting the stage height 
and then finding a suitable indent along the edge of the indented surface. Once selected, the 
tip of the Vickers indent was identified and used to determine the middle of the impression. 
The laser was then aimed ~5 µm below the indented surface and ~5 µm to the left of the 
indent tip. As demonstrated in Fig. 3.7, this acted as a starting measurement position, with all 
subsequent measurements being made to the right and down from this point, to form a grid of 
40 µm × 40 µm with a with a step size of 5 µm.  
 
4
0
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Fluorescence mapping of the DW impressions, performed at either 0.15 or 0.6 kg and with a 
2 mm ball, involved an identical setup procedure, but covered an area of 300 µm × 300 µm 
with a step size of 25 µm. In-plane measurements of the DW impressions adopted the same 
300 µm × 300 µm grid size as well as the same step size. However, as illustrated in Fig. 3.8, 
scans were taken over ¼ of the impression with the starting position being located ~25 µm 
offset in the X and Y from the middle of the cavity.    
 
Prior to any testing, instrumental calibration was completed in a controlled environment at 
room temperature. For all tests performed, scans were made twice at each point for 10 
seconds and then averaged, giving a total detection time of 20 seconds. In order to 
comparatively quantify the degree of R1 peak broadening and peak shifting in the region 
about the DW cavity, multiple measurements were taken over the polished surface of the 
alumina-based samples to serve as a reference. For scans made over the cross-sectioned 2 kgf 
Vickers indents, line scan measurements taken across the fracture surfaces of the alumina and 
the alumina-based nanocomposites acted as a reference. 
 
         
 
Fig. 3.8: Schematic illustration of the scan grid position for in-plane Cr
3+
 fluorescence 
mapping of DW cavities. 
 
Fitting of the collected data was later achieved using peak separation and analysis software, 
PeakFit (Systat Software Inc., USA). The centre position and full width at half maximum 
(FWHM) of the R1 and R2 peaks were resolved using a Voigt profile, a convolution of the 
Gaussian and Lorentzian functions. For spectra obtained from both the pure alumina samples 
and the nanocomposites, all curves were fit with a high degree of correlation. 
300 µm 
3
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Chapter 4 – Quasi-static and Dynamic Contact Performance of 
Alumina 
 
4.1 – Varying Degrees of Microstructural Heterogeneity 
 
4.1.1 – Experimental Results 
 
4.1.1.1 – Grain Structures, Microstructural Features and Densities 
 
In the following section, the extent of various microstructural modifications have been 
characterised based on changes to the grain size, grain shape and density.  
 
    
 
     
Fig. 4.1: Inlens SEM micrographs of etched microstructures for alumina samples exhibiting 
varying degrees of grain heterogeneity: (a) U-Al2O3, (b) B-Al2O3, (c) H-Al2O3.  
 
Figure 4.1(a-c) shows the typical microstructures of the three alumina materials tested and 
Table 4.1 lists the measurement details made for each sample, which are also presented in 
Fig. 4.2 as a grain size distribution plot. From the images, it is clear that with increasing 
sintering temperature there is a greater degree of microstructural heterogeneity, indicated by 
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the enlargement and elongation of grains. By using the measured aspect ratios in conjunction 
with the intercept lengths, the degree of grain heterogeneity has been quantified. U-Al2O3, in 
Fig. 4.1(a), is largely homogeneous and consists of fine, equiaxed grains with an average 
intercept length and aspect ratio of 1.38 µm and 1.22 respectively. Meanwhile, B-Al2O3, see 
Fig. 4.1(b), has a multi-tiered grain structure primarily composed of coarser equiaxed grains 
and a notable number of elongated grains in the surrounding regions. This results in a 
moderate increase in both intercept length, to 2.08 µm, and aspect ratio, to 1.75. In Fig. 4.1(c) 
H-Al2O3 has a structure dominated by enlarged and highly-elongated grains. Consequently, 
the average measured intercept length is 5.50 µm and the aspect ratio is 3.92. 
 
Table 4.1: A summary detailing the average intercept lengths, aspect ratios and densities of 
monolithic alumina with varying degrees of grain heterogeneity. 
Sample 
Sintering 
Temperatures (°C) 
Average Intercept  
Length (µm) 
Aspect 
Ratio 
Density 
(g/cm
3
) 
Theo. 
Density (%) 
U-Al2O3 1400 1.38±0.73 1.22±0.22 3.94  99.7 
B-Al2O3 1500 2.08±1.18 1.75±0.41 3.93 99.5 
H-Al2O3 1600 5.50±4.49 3.92±1.11 3.79 95.9 
 
 
 
Fig. 4.2: Grain size distribution plots for U-Al2O3, B-Al2O3 and H-Al2O3. 
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Sample densities remain virtually unchanged from U-Al2O3 to B-Al2O3, both having a 
theoretical density of >99.5%. Meanwhile, H-Al2O3, with a theoretical density of ~96%, 
reduces substantially. Based on microstructural observations over H-Al2O3, exampled in Fig. 
4.1(c), the low density seems to correspond with a higher number of large pores at triple 
junctions and more small pores trapped inside grains. 
 
4.1.1.2 – Quasi-static Contact Performance 
 
4.1.1.2.1 – Vickers Indentation 
 
All Vickers hardness (HV) data acquired for the alumina displays a consistent behaviour of 
decreasing HV with increasing load, confirming the presence of an ISE in all samples tested. 
This drop in HV is also followed by a distinct plateauing of the results across the 20-40 N 
load-range. 
 
 
 
Fig. 4.3: Vickers hardness as a function of indentation load for U-Al2O3, B-Al2O3 and H-
Al2O3. The curve of best fit follows an exponential function. 
 
The HV values for U-Al2O3, B-Al2O3 and H-Al2O3, determined in accordance with eq. (2.1),  
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are graphically depicted as a set of HV-load curves in Fig. 4.3. For clarity, the numerical 
values for each data point presented in Fig. 4.3 are listed in Table 4.2 together with their 
respective errors of one standard deviation. 
 
Close examination of the curves in Fig. 4.3 reveals that the ISE differs in each sample. This is 
made most apparent by comparing U-Al2O3 and B-Al2O3. Despite both appearing to have a 
similar HV at the lowest load of 0.5 N, B-Al2O3 promptly diverges as the load is increased 
finishing with an average HV of ~18.69 GPa across the plateaued load-regime of 25-40 N. 
Across the same load-range, U-Al2O3 has a greater average HV of ~19.27 GPa, a difference of 
0.61 GPa or ~3%. Meanwhile, the curve of H-Al2O3 does not resemble that of the other two 
samples, exhibiting a much lower starting HV of 20.05 GPa at the lowest load of 0.5 N. The 
drop in HV can also be considered worse in H-Al2O3 given the sharper decline to a final 
plateaued value of ~15.87 GPa, equating to a total HV loss of 4.19 GPa, a 29% greater drop 
than B-Al2O3 and a 55% greater drop than U-Al2O3. 
 
Table 4.2: Vickers hardness values at loads of 0.49-39.23 N accompanied by uncertainties of 
one standard deviation for monolithic alumina with varying degrees of grain heterogeneity. 
Load (N) U-Al2O3 HV (GPa) B-Al2O3 HV (GPa) H-Al2O3 HV (GPa) 
0.49 21.97±0.6 21.94±0.8 20.06±1 
0.98 21.61±0.5 21.59±0.4 19.03±0.6 
1.96 21.13±0.3 21.00±0.3 18.36±0.2 
2.94 20.94±0.2 20.69±0.1 17.88±0.5 
4.90 20.53±0.2 20.14±0.3 17.36±0.4 
9.81 20.06±0.7 19.63±0.5 16.64±0.5 
19.61 19.59±0.2 18.94±0.3 16.25±0.3 
24.51 19.32±0.3 18.67±0.1 15.99±0.4 
29.42 19.32±0.2 18.68±0.3 15.81±0.8 
39.23 19.16±0.6 18.71±0.6 15.80±0.7 
 
4.1.1.2.2 – Vickers Indentation Modelling – Meyer’s Law 
 
Meyer’s Law was employed to quantify each ISE based on the value of the exponent, n, 
defined by [340]: 
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       nAdP                     (4.1) 
 
where A and n are constants derived via regression analysis of experimental results. In the 
absence of an ISE, n = 2. If n equals <2, then the measured hardness decreases with an 
increasing load, indicating the presence of an ISE. In this case, samples possessing a lower n, 
suffer from a heightened ISE. As expressed in Table 4.3, U-Al2O3, with the highest n value, 
suffers least from the ISE, H-Al2O3, with the lowest n value, suffers from the greatest ISE, 
and B-Al2O3, with a mid-range n value, sits in between. This order correlates well with the 
drops in HV values exhibited by these samples in Fig. 4.3. 
 
Table 4.3: A summary of the n and A parameters determined using the Meyer’s Law together 
with the a1, a2 terms, according to the PSR model, and load-independent hardness values of 
monolithic alumina with varying degrees of grain heterogeneity. 
 
4.1.1.2.3 – Vickers Indentation Modelling – PSR model 
  
In order to separate the raw HV data into the contributions of cracking (a1) and plastic 
deformation (a2) in the generation of an indent during quasi-static contact, the same data was 
fit using the PSR model (eq. (2.15) on page 20), also presented in Table 4.3. In reviewing the 
a2 values and corresponding load-independent hardness values (HPSR), it is apparent that the 
resistance to plastic deformation decreases with increasing grain heterogeneity. U-Al2O3 has 
the highest HPSR of 19.48 GPa, B-Al2O3 is marginally lower at 18.93 GPa, whilst H-Al2O3 
has the lowest at 16.11 GPa, a difference of 21% between U-Al2O3 and 18% between B-
Al2O3. 
 
As for the a1 term, the results show equal decrements of ~3 N/mm from U-Al2O3 to B-Al2O3 
to H-Al2O3. Considering that the a1 also accounts for the effects imposed by the ISE, such a 
trend is well-aligned with the n values derived using Meyer’s Law. It is also worth noting 
Sample 
Meyer’s Law  Proportional specimen resistance model 
n A  a1 (N/mm) a2 (N/mm
2
) HPSR (GPa) 
U-Al2O3 1.94 51.28  16.61±2.1 10111±58 19.48 
B-Al2O3 1.92 49.67  19.62±2.4 9754±65 18.93 
H-Al2O3 1.90 44.89  22.83±2.1 8194±53 16.11 
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that, given the microstructures of U-Al2O3 and B-Al2O3 show a marginal difference of >4% 
in the a2 and corresponding HPSR values, the 18% difference between the a1 values would 
suggest that the a1 holds more significance to the contact damage performance of these two 
alumina ceramics. Further details on this are discussed below. 
 
4.1.1.2.4 – Observations of Indentation-Induced Damage 
 
Fig. 4.4(a-i) illustrates how each sample undergoes progressively greater cracking damage 
with increased microstructural heterogeneity, as well as at higher indentation loads.  
 
 
 
Fig. 4.4: Selected indents made on U-Al2O3 (a, d, g), B-Al2O3 (b, e, h) and H-Al2O3 (c, f, i) at 
the following loads: (a, b, c) 0.49 N, (d, e, f) 9.81 N, (g, h, i) 39.23 N. 
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As shown in Fig. 4.4(a-c), at the lowest load of 0.5 N, U-Al2O3 and B-Al2O3 are almost 
identical, exhibiting only a couple small cracks inside the impression. However, indents 
generated at the same load on H-Al2O3 appear to produce much longer cracks that extend 
well-beyond the impression. Under heavier loads of 10 N, in Fig. 4.4(d-f), U-Al2O3 and B-
Al2O3 begin to distinguish themselves from one another. This transition is better depicted in 
Fig. 4.5(a-b) below, where, despite having classic Vickers corner radial cracks of similar 
lengths, B-Al2O3 displays noticeable more cracking damage inside the indentation impression 
as well as more secondary radial cracking (see arrowed cracks in Fig. 4.5(b)). 
 
    
 
 
Fig. 4.5: Higher magnification SEM of classic radial corner cracking and secondary radial 
cracking around 1 kgf Vickers indents in: (a) U-Al2O3, and (b) B-Al2O3. Note the additional 
fracture damage inside the residual impression in B-Al2O3 compared to U-Al2O3. 
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In H-Al2O3, the majority of cracking is within the plastic region inside the impression and is 
particularly severe, Fig. 4.4(f) possibly depicting the onset of fragmentation. Propagating 
radial cracks appear even shorter than those in B-Al2O3, but, once again, this coincides with a 
greater number of secondary radial cracks. At the highest load of 40 N, whilst the size of the 
impressions expands, little difference is seen in the cracking damage, see Fig. 4.4(g-i). U-
Al2O3, again, shows only Vickers corner cracks and some minor cracking damage inside the 
impression. By comparison, B-Al2O3 exhibits slightly more cracking inside the impression 
together with a few secondary radial cracks. Meanwhile, H-Al2O3 displays extensive cracking 
inside the impression, subsurface damage becoming so severe that large fragments have been 
displaced during the indentation process.  
 
 
Fig. 4.6: The total length of cracks around Vickers indents in U-Al2O3, B-Al2O3 and H-Al2O3 
as a function of indentation load.  
 
Essentially, from these images, it is apparent that the observable differences in cracking 
damage between U-Al2O3 and B-Al2O3 are rather marginal compared to the discernible 
differences displayed between B-Al2O3 and H-Al2O3. This is confirmed in Fig. 4.6, where the 
mean total length of cracks measured around Vickers indents at various loads shows, on 
average, a 3-fold increase between U-Al2O3 and H-Al2O3, but a only a 40% increase between 
U-Al2O3 and B-Al2O3. 
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4.1.1.3 – Fracture Toughness 
 
4.1.1.3.1 – Hertzian Indentation 
 
Hertzian indentation tests performed on U-Al2O3 resulted in a minimum fracture load of 202 
N, equating to a KIC of 3.11 MPa·m
1/2
 for a 3 mm ball size. This is a reasonable value given 
the high purity and relative density of the alumina sample [255]. Unfortunately, the same 
Hertzian indentation tests could not be successfully performed on B-Al2O3 and H-Al2O3. 
Each materials propensity to exhibit severe subsurface micro-cracking as opposed to the 
classic Hertzian ring-cracks needed for these tests meant that we were unable to conclusively 
determine the minimum fracture load necessary for KIC calculations. 
 
4.1.1.4 – Dynamic Contact Performance 
 
4.1.1.4.1 – 3D Optical Microscopy 
 
 
 
Fig. 4.7: Representative 3D optical microscopy maps of the residual impressions resulting 
from a 0.6 kg DW impact using a 2 mm ball in: (a) U-Al2O3, (b) B-Al2O3, and (c) H-Al2O3. 
Note, the maps have been amplified by 30% to highlight the appreciable depth. 
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As demonstrated in Fig. 4.7(a-c), surface plots of each individual impression were made 
using 3D optical microscopy. By evaluating the extracted profiles of 5 different impressions 
generated at the surface of each alumina sample using a 0.6 kg load, we calculated an average 
depth of penetration (DOP) of 1.208±0.15 µm for U-Al2O3, 3.35±0.23 µm for B-Al2O3, and 
8.374±0.21 µm for H-Al2O3. Notice the limited standard deviation for each value. 
 
 
 
Fig. 4.8: Post-DW impact DOP measurements as a function of average intercept length. 
 
In the graph in Fig. 4.8, the DOP of each sample is presented as a function of average 
intercept length. From this diagram, it is clear that the DOP increases with increasing grain 
size. In this case, it is by a factor of ~7 from U-Al2O3 to H-Al2O3. Comparatively, variations 
in the impression diameter are relatively insignificant with the average diameter of U-Al2O3, 
B-Al2O3 and H-Al2O3 being 475.2±18.67 µm, 498.4±16.55 µm and 574.2±14.38 µm 
respectively, a maximum difference of 21%. 
 
4.1.1.4.2 – Ultraviolet Fluorescence Microscopy 
 
By qualitatively analysing the fracture patterns that form both inside and outside the cavity 
during DW impact tests in U-Al2O3, B-Al2O3 and H-Al2O3, displayed in Fig. 4.9(a-c), it is 
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apparent that a substantial change has occurred in terms of the damage sustained. Most 
notably, there is a transition from primarily ring-based cracking in U-Al2O3 and B-Al2O3 to 
that of extensive micro-cracking in H-Al2O3. Furthermore, we see an increase in the number 
of radial cracks which form. 
 
        
  
 
Fig. 4.9: UVFM images of the residual impression taken under ultraviolet light to reveal the 
crack patterns that form during DW impact tests at 0.6 kg and with a 2 mm ball in: (a) U-
Al2O3, (b) B-Al2O3, and (c) H-Al2O3. 
 
For example, in Fig. 4.9(a), U-Al2O3 displays a dense region of multiple ring-cracks just 
beyond the point of initial contact. No cracks have formed at the centre of the cavity in U-
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Al2O3. The same is also exhibited in B-Al2O3, presented in Fig. 4.9(b). However, amongst the 
ring-cracks and slightly beyond, the presence of faint, short cracks appear to be indications of 
micro-cracking. Note, the diameter of the innermost ring-crack in U-Al2O3 and B-Al2O3 is 
largely comparable at ~260 µm and ~270 µm respectively. In addition to ring-cracks, U-
Al2O3 displays a number of large arching-cracks in areas surrounding the residual impression. 
As presented, these cracks are located up to 0.6 mm away from the centre of the cavity, are 
very deep and appear to be the initial stages of some form of fragmentation. In B-Al2O3, these 
arching-cracks also form ~0.6-0.7 mm away from the cavity centre, but the damaging affects 
appear to have been suppressed. Compared to U-Al2O3, the number, length and depth of 
arching-cracks is noticeably less in B-Al2O3. However, the growth of these arching-cracks 
seems to coincide with the development of further micro-cracks in the surrounding vicinity. 
 
In terms of H-Al2O3, these samples behave very differently from that of U-Al2O3 and B-
Al2O3. As shown in Fig. 4.9(c), extensive micro-cracking has occurred directly underneath 
the point of contact and there are no signs of ring-cracking. Moreover, multiple radial cracks 
emanate from the point of contact, extending over 1.1 mm away from the centre of the cavity. 
Once again, cracking damage has also taken place well beyond the impact site, resulting in 
further micro-cracking in this region. 
 
4.1.1.4.3 – Optical Microscopy 
 
    
 
Fig. 4.10: Optical micrographs in bright field illumination of cross-sectioned DW 
impressions in: (a) U-Al2O3, and (b) H-Al2O3. 
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In order to confirm the observations of micro-cracking in H-Al2O3, DW impressions 
generated on U-Al2O3 and H-Al2O3 were cross-sectioned, polished and imaged under an 
optical microscope. Figure 4.10(a) shows that U-Al2O3 only experiences subsurface cone-
cracking, a total of four cone-cracks being visible. Appropriately, these cone-cracks were 
located beneath the corresponding ring-cracks of U-Al2O3 seen in Fig. 4.9(a). Meanwhile, 
Fig. 4.10(b) shows extensive grain pull-out in H-Al2O3, typically associated with extensive 
subsurface micro-cracking [13, 341]. 
 
4.1.1.4.4 – Cr3+ Fluorescence Spectroscopy 
 
 
 
Fig. 4.11: In-plane Cr
3+
 3D fluorescence maps taken over a quarter of a residual impression 
produced using a 0.6 kg load and a 2 mm ball. The maps depicting biaxial residual stresses 
in: (a) U-Al2O3, and (b) H-Al2O3. In both cases, 0,0 = centre of cavity. 
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Post-impact Cr
3+
 fluorescence maps, covering a quarter of each cavity, highlight a number of 
relevant features with regards to the plastics deformation and residual stresses in U-Al2O3 and 
H-Al2O3. Firstly, in Fig. 4.11(a), detailing the residual stresses in U-Al2O3, an area is found at 
the centre of the impression where a compressive biaxial residual stress of between 0 MPa to 
-700 MPa covers a quadrant with a radius of 200-225 µm. Note, this closely resembles the 
average measured diameter of the cavity (cavity radius = 237.6±9.34 µm).  
 
 
 
Fig. 4.12: In-plane Cr
3+
 3D fluorescence maps taken over a quarter of a residual impression 
produced using a 0.6 kg load and a 2 mm ball. The maps depicting dislocation densities in: 
(a) U-Al2O3, and (b) H-Al2O3. In both cases, 0,0 = centre of cavity. 
 
In Fig. 4.11(b), identical scans made over a residual impression on H-Al2O3 reveals a similar, 
but a far less consistent trend. Although an area of high biaxial compression similar to that 
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seen in U-Al2O3 can be identified (-500 MPa to -1000 MPa), unlike in U-Al2O3, scattered 
amongst it are a number of localised sites of significantly lower compressive stress and even 
tensile stress (-400 MPa to 100 MPa). Incidentally, the area of high biaxial compression in H-
Al2O3 is found to have an approximate radius of 175-225 µm. 
 
In both the in-plane fluorescence maps for U-Al2O3 and H-Al2O3 in Fig. 4.12(a-b) portraying 
the dislocation densities, a ring or ‘band’ of broadening peaks, with a radius of ~200-250 µm, 
is located just outside the quadrant of compressive biaxial residual stress defined above, but 
remains inside the cavity boundary. In U-Al2O3, the calculated densities across this band are 
in the order of 10
14
 with a maximum measured value of 4.02 × 10
14
 m
-2
. H-Al2O3 also 
possesses calculated densities of the same order. However, here the maximum measured 
value is significantly higher at 1.31 × 10
15
 m
-2
. 
 
 
 
Fig. 4.13: 2D Cr
3+
 fluorescence maps (0,0 = middle of cone-crack) of dislocation densities 
found underneath a 0.6 kg DW test impression in: (a) U-Al2O3, and (b) H-Al2O3. 
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In Fig. 4.13(a-b), supplementary fluorescence mapping of cross-sectioned impressions in U-
Al2O3 and H-Al2O3 reveals that the band of dislocations exhibited by both samples at the 
surface is only part of a highly-deformed region beneath the contact interface. As 
demonstrated in both Fig. 4.13(a) and Fig. 4.13(b), there is a concentrated region of high 
dislocations along the contact axis, ~125 µm below the surface. This is assumed to be the site 
of maximum shear stress, where peak dislocation densities of ~3.06 × 10
14
 m
-2
 and ~1.73 × 
10
15
 m
-2
 are present for U-Al2O3 and H-Al2O3 respectively, two values consistent with the in-
plane broadening peaks measured in Fig. 4.12(a-b). From this point, plastic deformation then 
expands outwardly, with dislocation densities gradually degrading with distance. In U-Al2O3, 
this degradation is relatively uniform and, for the most part, leaves an ellipsoid-shaped region 
of plastic deformation below the surface. Incidentally, this trend fits well with the contours of 
principal shear stress for Hertzian contact as presented in Fig. 4.5 of Johnson [342]. For H-
Al2O3, this degradation is more sporadic with multiple locations of high and low dislocation 
densities randomly distributed throughout the subsurface.  
 
4.1.2 – Discussion  
 
4.1.2.1 – Quasi-static Contact Performance 
 
4.1.2.1.1 – The Effect of Grain Heterogeneity on the Plastic Deformation Response of 
Alumina Ceramics. 
 
From the data in section 4.1.1.2, the HPSR values for U-Al2O3, B-Al2O3 and H-Al2O3, and the 
a2 values from which they are derived, show a noticeable decline with increasing grain 
heterogeneity. This suggests that a change in the plastic deformation response has occurred. 
Following such a premise, two primary microstructural characteristics have been identified as 
governing factors. For the two microstructures of near full density, U-Al2O3 and B-Al2O3, the 
only difference is the grain size. Meanwhile, in H-Al2O3, in addition to the enlarged grain 
size, the theoretical density of the sample is 3.6% lower at 95.9%, resulting in higher porosity 
levels. 
 
The grain size governs the resistance to plastic deformation based on the Hall-Petch 
relationship in eq. (2.29) of Chapter 2 in this thesis. This equation is re-presented in eq. (4.2): 
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g
k
IY                  (4.2) 
 
Here, σY is the yield strength of the microstructure, d is the grain size, σI is the intrinsic yield 
stress and k is the material specific strengthening coefficient. By substituting eq. (4.2) into 
Tabor’s criterion [120], the relationship between the hardness and the yield strength of a 
material is as follows: 
 
    

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
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
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g
k
H I               (4.3) 
 
where α is equal to ~3. As a first approximation, we assume that the σI and k is the same for 
all three alumina samples and plot HPSR against intercept lengths using the values presented in 
Table 4.1. 
 
 
 
Fig. 4.14:  Hardness as function of grain size for alumina samples of varying grain 
heterogeneity. 
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Based on eq. (4.3), a linear relationship between the hardness and the grain size is to be 
expected. However, as shown in Fig. 4.14, the plotted results display a non-linear trend. A 
possible explanation for this may be found by examining the porosity levels in each sample.  
 
As demonstrated in the literature review in Chapter 2, prior studies have shown that the 
measured hardness of ceramics decreases with increasing porosity levels [12, 45, 303, 343], 
the resultant indents becoming larger due to the collapse and subsequent densification of 
pores. With U-Al2O3 and B-Al2O3 being of near full density (>99.5%), the affect porosity has 
on the measured hardness and the calculated HPSR values of these two samples is limited. 
Moreover, given the comparable porosity levels in U-Al2O3 and B-Al2O3, the drop in HPSR 
displayed by B-Al2O3 compared to U-Al2O3 should be a direct result of the reduced yield 
stress that corresponds with the increased grain size of B-Al2O3. Meanwhile, H-Al2O3 
contains 3.6% porosity compared to U-Al2O3 and B-Al2O3. In order to estimate the effect this 
can have on the measured hardness, one must first determine how much porosity is needed in 
order to accommodate the entire indentation impression by pore closure and the elimination 
of free space. If we consider the geometry of a Vickers indenter to be that of a square 
pyramid, the volume, VI, can be calculated using the following equation: 
 
     AhVI 
3
1
                (4.4) 
 
where A is the area of the square base and h is the height of the pyramid from base to the tip. 
By applying the fundamental rules of trigonometry, A and h can be rearranged to relate to the 
diagonal measurement of the indentation impression, d, as follows: 
 
                
2
2
2 daA                  (4.5) 
                
522tan2
dd
h                   (4.6) 
 
Substitution of eq. (4.5) and (4.6) into eq. (4.4) resulting in eq. (4.7): 
 
         
30253
1 32 ddd
VI                (4.7) 
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Now, considering that pore collapse can only occur inside a compressive stress field, then VI 
can only be accommodated by pores present within the hemispherical plastic zone directly 
underneath the impression. The volume of this plastic zone, VP, can be calculated using eq. 
(4.8) below: 
 
   
3
3
4
2
1
rVP                   (4.8) 
 
where r = d/2 such that: 
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By dividing the volume of the indent, VI, by the volume of the plastic zone, VP, the amount of 
porosity needed to accommodate the entire indentation impression can be estimated: 
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4
/
30
33

dd
V
V
p
I
                      (4.10) 
 
In order to account for this ~13% porosity limit, the classic hardness equation presented in 
eq. (2.1) is reformulated to represent a volume: 
 
          
2d
P
H  =
  3/23d
P
             (4.11) 
 
A porosity parameter is then introduced as follows:  
 
          
   3/23 1 nd
P
H

             (4.12) 
 
where n is the percentage of inherent porosity input as a decimal. The 13% porosity limit is 
established by adding a coefficient of 7.7 to n: 
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   3/23 7.71 nd
P
H

                    (4.13) 
 
However, this predicted value of ~13% porosity is low based on the literature, where 
hardness values have been measured in ceramics containing up to 20% porosity [12, 45]. This 
is because this simplified model makes a number of assumptions: 
 
1. That the stresses in the plastic zone are uniformly distributed - Yoffe’s model shows 
that stresses within the plastic zone decrease as a function of 1/r
3
 and that 
compression is highly localised at the indenter tip [27]. 
2. The plastic zone is a perfect hemisphere - The plastic strain field has been shown to 
be elliptical in nature [344]. 
3. All pores can be fully densified - Latella et al showed that is not always the case, 
particularly in ceramics containing small amounts of porosity [12]. 
 
Based on these issues, the classic hardness equation in eq. (2.1) can be reformulated as: 
 
                                                     
   3/23 7.71 nBd
P
H

              (4.14) 
 
where B is a material specific constant related to the percentage of pores inside the plastic 
zone that are collapsible during indentation. By line fitting hardness values against increasing 
porosity levels taken from the literature [12, 45, 303], an average value of ~0.5 is considered 
reasonable for B i.e. ~26% porosity needed to accommodate the full indent. Using eq. (4.11), 
we can now modify the HPSR values to account for variations in porosity. As shown in Fig. 
4.14, compared to the original hardness data (R
2
 = 0.9508), the adjusted HPSR (AdjHPSR) 
values produce a trend that correlates well with the linear relationship expected for the Hall-
Petch equation (R
2
 = 0.989). In addition to the results from this work, the original and 
adjusted hardness values of the porous alumina ceramics in Latella et al are also presented as 
a function of grain size in Fig. 4.14 [12]. Once again, the trend produced by the adjusted 
hardness values is more linear (R
2
 = 0.9923) compared to the original data (R
2
 = 0.9559).  
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Assuming the validity of the above adjustments, three conclusions can be drawn from these 
results: 
 
1. Elongation of the grain structure has no significance in regards to the hardness, only 
net changes in the average grain size being important. 
2. Variations in grain size have a marginal effect on the hardness of alumina ceramics, a 
400% increase in grain size between U-Al2O3 and H-Al2O3 reducing the hardness by 
~1.5 GPa. 
3. Porosity levels are influential in reducing the hardness of alumina ceramics, a 4.1% 
increase in porosity in H-Al2O3 reducing the hardness by ~2 GPa.  
 
These conclusions are very much in agreement with the literature presented in Chapter 2.  
 
4.1.2.1.2 – The Effect of Grain Heterogeneity on the Fracture Response of Alumina Ceramics 
 
As reported above, both the a1 values and the SEM images suggest that the indentation-
induced fracture increases with greater grain heterogeneity. Any differences experienced 
between U-Al2O3, B-Al2O3 and H-Al2O3 will be dependent on the minimum flaw size at 
which cracking can initiate, the size of pre-existing flaws, and the tensile stress configuration. 
 
By adopting the model of Lawn and Evans [72], we can estimate the minimum flaw size, C
*
, 
for crack initiation in each of the samples based on eq. (4.12). Here, we use the calculated 
AdjHPSR values as our H value and assume that the KIC of 3.11 MPa·m
1/2
 measured for U-
Al2O3 is the same for B-Al2O3 and H-Al2O3. Note, the P
*
 for each sample has been calculated 
using the correction of Lankford and Davidson in eq. (4.14) [345]. 
 
        22* //767.1 HKC IC                       (4.15) 
 
              CIC KHKP
342* //47.54                                       (4.16) 
 
where, 
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1

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Table 4.4: The hardness and fracture toughness values used to determine the minimum flaw 
size at which cracking may be initiated in monolithic alumina with varying degrees of grain 
heterogeneity. 
Sample AdjHPSR (GPa) KIC (MPa·m
1/2
) P
*
 (N) C
*
 (μm) 
U-Al2O3 19.59 3.11 0.20 1.1 
B-Al2O3 19.20 3.11 0.21 1.2 
H-Al2O3 18.16 3.11 0.25 1.3 
 
Based on the property values established above, see Table 4.4, calculations show that the C
*
 
is 1.1 µm for U-Al2O3, 1.2 µm for B-Al2O3, and 1.3 µm for H-Al2O3. Any flaws smaller than 
the C
*
 cannot be activated and, thus, a crack cannot nucleate under any indentation load. 
Incidentally, the difference in C
*
 between all three alumina samples is largely insignificant. 
Consequently, it is unlikely that the minimum flaw size at which cracks can initiate will have 
a meaningful impact on the final cracking damage displayed in Fig. 4.4(a-c).  
 
With this in mind, a more appropriate contributor should be the size of pre-existing flaws. As 
discussed in Chapter 2, flaw populations vary with grain size, the work of Franco et al 
showing an increase in mean flaw size from 2.94±0.93 μm to 4.53±1.51 μm to 4.78±1.68 μm 
in alumina across a grain size range of 1.2 μm to 3.8 μm to 14.1 μm [255]. Based on Franco’s 
result, finer-grained alumina ceramics (i.e. U-Al2O3) are expected to have a narrower flaw 
size distribution (higher flaw density of smaller flaws). Conversely, highly-coarse-grained 
alumina ceramics (i.e. H-Al2O3) should have a very broad flaw population (lower flaw 
density, but of much larger flaws). The flaw size distribution of medium-grained alumina 
ceramics (i.e. B-Al2O3) should sit somewhere in between these two extremes. In considering 
the data presented by Franco et al, it is possible that U-Al2O3 has fewer flaws than B-Al2O3 
and H-Al2O3 that meet the criteria for crack initiation. In addition, B-Al2O3 may also have 
fewer flaws than H-Al2O3. Therefore, despite having slightly higher C
*
 values, the potential 
for the coarser-grained H-Al2O3 to have a higher density of larger flaws and the wider flaw 
size distribution means that there could be a greater statistical probability of cracking during 
indentation in H-Al2O3 then in U-Al2O3 and B-Al2O3. 
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Another principal factor to consider is the presence of internal residual stresses. Following 
the rules of linear fracture mechanics, crack initiation and propagation from a flaw is 
dependent on the stress intensity factor (K) at the tip. When K is larger than the KIC, cracking 
commences and continuous to propagate until K declines to a level below the KIC. In this 
case, K is the contribution of two terms: 
 
  resappl KKK              (4.18) 
 
where Kappl is the applied stress intensity and Kres is the stress intensity contribution from the 
residual stress. Now, it is well-established that thermal stresses develop in ceramics on 
cooling after sintering due to the anisotropy of the coefficient of thermal expansion [346]. 
During this process residual stresses arise as mutually constraining grains attempt to contract 
into one another, the difference in contraction increasing the lattice strain. In coarser and 
more elongated grain structures like B-Al2O3 and H-Al2O3, the contraction will be much 
more severe, leading to higher tensile stress concentrations along the grain boundaries. It is 
these high tensile stress concentrations that can modify K about a flaw such that a lower Kappl 
is needed to produce a K > KIC. Therefore, even if the KIC is the same in all three samples, 
crack initiation should occur under lower tensile stress configurations in H-Al2O3 compared 
to B-Al2O3 and U-Al2O3. 
 
4.1.2.2 – Dynamic Contact Performance 
 
4.1.2.2.1 – The Effect of Grain Heterogeneity on the Dynamic Contact Damage Response of 
Alumina Ceramics 
 
In measuring the residual craters generated on the surface of each alumina, it is apparent that 
the DOP increases with increasing grain heterogeneity. Such differences in the DOP are likely 
governed by the two following mechanisms: 
 
1. Lattice slip, i.e. dislocation, based plastic deformation 
2. Micro-cracking, i.e. cracking along the grain boundaries, or fragmentation.  
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The cross-section observations and the fluorescence mapping data are enough to support 
which mechanisms are active during DW testing and which is dominant. In U-Al2O3, the 
continuous distribution of high compressive biaxial residual stresses inside the contact region, 
as measured by Cr3+ fluorescence spectroscopy, indicates that the residual crater generated 
during DW impacts must be attributable to the elastic-plastic response of the alumina, and not 
the result of micro-cracking or a “comminuted zone” [347] i.e. brittle-based pseudo-ductility 
[14]. This is confirmed in Fig. 4.10(a) where the polished surface of a cross-sectioned DW 
impression in U-Al2O3 only reveals macro-scale cone-cracking with no apparent subsurface 
micro-fracture or associated grain dislodgement. For H-Al2O3, the 5× difference in the peak 
dislocation density detected at both the surface and subsurface would suggest that the 
increased DOP can be partially explained by the greater ease of dislocation glide in the 
coarser-grained microstructure. In addition, the sporadic distribution of compressive biaxial 
residual stresses in H-Al2O3 show that extensive micro-cracking and grain sliding has 
occurred in the plastic zone directly underneath the point of contact. Evidence to support this 
can be found in Fig. 4.10(b) where the polished surface of a cross-sectioned DW impression 
in H-Al2O3 exhibits extensive grain pull-out due to the coalescence of grain boundary micro-
cracks. As indicated by the UVFM images in Fig. 4.9(a-c), the deeper DOP in B-Al2O3 
compared to U-Al2O3 may also be partially facilitated by micro-crack-induced grain 
boundary sliding, but where the effects are significantly less than those experienced by H-
Al2O3.  
 
The mechanism by which micro-cracking is triggered in polycrystalline alumina subject to a 
Hertzian contact has been described in the model of Guiberteau et al [13]. These events are as 
follows: 
 
1. Initial loading: Shear-induced deformation in the form of dislocation pileups and 
twins generate stress, σ, along grain boundaries. 
2. Micro-crack initiation: When the stress reaches a critical level, σC, such that it 
surpasses the strength of the grain boundary, σGB, micro-cracking takes place. 
3. Pseudo-ductile behaviour: As well as the initial plasticity, subsequent deformation is 
facilitated by grain boundary sliding, leading to the generation of a residual crater. 
 
Here, the critical stress, σC, needed to initiate micro-fracture will be dependent on the 
intrinsic fracture toughness of the ceramic, the size of inherent flaws, and any residual 
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stresses. We have already assumed a negligible difference in KIC. However, as argued above, 
due to the coarser grain size and higher porosity levels, H-Al2O3 should contain a higher 
density of larger flaws and a wider flaw size distribution compared to U-Al2O3 and B-Al2O3 
such that: 
 
  UGB
B
GB
H
GB                  (4.19) 
 
Additionally, the elongated grain structures of B-Al2O3 and H-Al2O3 should have internal 
residual stresses that will further promote the initiation of micro-fracture by modifying the 
tensile stressing condition, increasing Kres and, thus, lowering the Kappl needed to produce a K 
> KIC. 
 
Based on such findings, we propose that the DOP in U-Al2O3 is mostly dependent on the 
plastic deformation response, whilst the DOP in H-Al2O3 is heavily governed by both plastic 
deformation and fracture processes. We believe that two key factors are influential 
contributors to the change in DOP and the deformation response of U-Al2O3 and H-Al2O3: 
 
1. The internal residual stresses, which are higher in H-Al2O3 due to the elongated and 
coarser grain structure. 
2. The larger and wider flaw size distribution caused by the coarser grain structure and 
higher levels of porosity in in H-Al2O3.  
  
4.1.3 – Summary 
 
In this study we have investigated the quasi-static and dynamic contact performance of three 
alumina ceramics with microstructures containing grains of varying heterogeneity. The three 
samples were fabricated using conventional powder processing techniques and sintered at 
different temperatures to produce a uniform, bimodal and heterogeneous grain structure. The 
results from characterising these samples as well as any conclusions drawn from the data are 
summarised as follows: 
 
 By measuring the HV of U-Al2O3, B-Al2O3, and H-Al2O3 and using the PSR model to 
analyse the corresponding ISEs, the hardness was found to decrease and the cracking 
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to increase with higher degrees of grain heterogeneity. Qualitative analysis of the 
corresponding indents under SEM found that there was only a marginal change 
between U-Al2O3 and B-Al2O3, whilst a substantial difference was seen in H-Al2O3. 
Such a trend is believed to be caused by variations in the flaw populations of the three 
alumina ceramics and an increase in tensile residual stress along the grain boundaries 
with increasing grain heterogeneity. For the two microstructures of near full density, 
the U-Al2O3 and B-Al2O3, the difference in flaw size distribution is proportional to the 
grain size distribution. Meanwhile, in H-Al2O3, the higher level of porosity together 
with even further grain enlargement shifts the flaw distribution to a larger size zone. 
Such shifts result in a higher number of flaws at which cracks can activate, leading to 
greater amounts of cracking during indentation. 
 
 Marginal differences in HPSR between the U-Al2O3 and B-Al2O3 have been attributed 
to the change in grain size based on the Hall-Petch relationship. Meanwhile, the more 
significant drop in HPSR seen in the H-Al2O3 is believed to be partially caused by the 
enlarged grain size of H-Al2O3, but also the result of the increased porosity levels. In 
re-evaluating the HPSR values for all samples, taking the effect of porosity on the 
indent size into account, adjusted HPSR values were found to have an improved fit 
with the linear relationship of the Hall-Petch model. Based on this analysis, it was 
concluded that grain size has a minor influence over the final HPSR values and that 
porosity is the dominant microstructural characteristic.  
 
 Under dynamic conditions, realised through scaled-down DW tests, the increased 
grain heterogeneity resulted in greater indenter penetration depths. A combination of 
in-plane and sub-surface Cr
3+
 fluorescence maps of residual craters in U-Al2O3 and H-
Al2O3 have confirmed dislocation nucleation and glide as possible mechanisms for the 
greater DW indenter penetration depths. Dislocation densities were found to be higher 
in the H-Al2O3 compared to U-Al2O3 and are deemed partially responsible for the 
increased DOP in H-Al2O3. 
 
 Observations made of the DW-induced surface cracks showed a clear transition from 
dense ring-cracks and multiple arching-cracks in U-Al2O3 to mostly micro-crack 
damage in H-Al2O3. Such extensive micro-cracking is thought to act as a secondary 
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mechanism by which deeper penetration depths are facilitated in H-Al2O3. The 
increased propensity for micro-cracking in the H-Al2O3 is believed to be the direct 
result of; (a) the larger and wider flaw size distribution, and (b) the higher grain 
boundary tensile residual stresses. The mechanism by which micro-cracking is 
triggered is thought to be shear-driven dislocation pileup and twinning inside 
individual grains. 
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Chapter 5 – Quasi-static and Dynamic Contact Performance of 
Silicon Carbide Ceramics 
 
5.1 – Varying Degrees of Microstructural Heterogeneity  
 
5.1.1 – Experimental Results 
 
5.1.1.1 – Grain Structures, Microstructural Features and Densities 
 
     
 
 
Fig. 5.1: Microstructures of as-received silicon carbide containing varying degrees of grain 
heterogeneity after polishing and chemical etching: (a) U-SiC, (b) B-SiC, (c) H-SiC.  
 
The microstructures of U-SiC, B-SiC and H-SiC are displayed in Fig. 5.1(a-c). A comparison 
of all three samples highlights an apparent transition from the fine, equiaxial grains (U-SiC), 
to a two-tier microstructure composed of a few elongated grains surrounded by fine grains 
(B-SiC), to a coarser, highly-elongated structure (H-SiC). Such a transformation is quantified 
in Table 5.1 and graphically depicted in Fig. 5.2. Here, U-SiC has the lowest aspect ratio of 
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around 1.44±0.38, B-SiC has mid-range value of 3.50±1.41, and H-SiC has the largest aspect 
ratio of 9.35±4.62. Similarly, a comparable trend is exhibited by the intercept length 
distributions, which are 0.15-7 µm for U-SiC, 1-135 µm for B-SiC, and 2-400 µm for H-SiC. 
Note, from 2-7 μm, ~40% of the U-SiC grain scale distribution overlaps with ~30% of the H-
SiC grain scale distribution. This indicates that a discernible change in grain scale occurs 
concurrently with grain elongation during post-sintering annealing, as confirmed by average 
intercept length estimations. 
 
Table 5.1: A summary of the measured intercept length distributions, average intercept 
lengths, aspect ratios and densities of monolithic silicon carbide with varying degrees of grain 
heterogeneity. 
Sample 
Intercept Length 
Distribution (µm) 
Average Intercept 
Length (µm) 
Aspect 
Ratio 
Density 
(g/cm
3
) 
Theo. 
Density (%) 
U-SiC 0.15-7 1.86±1.13 1.44±0.38 3.02 94 
B-SiC 1-135 4.57±2.48 3.50±1.41 3.05 95 
H-SiC 2-400 25.01±31.19 9.35±4.62 3.08 96 
 
 
 
Fig. 5.2: Grain size distribution plots for U-SiC, B-SiC and H-SiC. 
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An additional feature in the microstructures in Fig. 5.1(a-c) is the residual pores embedded in 
all three silicon carbide ceramics. The densities of each sample were measured to be ~3.02 
g/cm
3 
for U-SiC, ~3.05 g/cm
3
 for B-SiC, and ~3.08 g/cm
3
 for H-SiC, equating to theoretical 
densities of 94%, 95% and 96% as well as calculated levels of porosity of 6%, 5% and 4% 
respectively. Representative SEM images of fracture surfaces, shown in Fig. 5.3(a-b), depict 
the location, shape, size and distribution of such pores. In U-SiC, the majority of pores exist 
on grain boundaries or at triple junctions, whilst in H-SiC they are mostly situated within the 
grains themselves. Both samples appear to be dominated by single pores of near-spherical 
form with a few pore clusters of large, irregular or elongated shape. Given the location of 
pores in H-SiC, the scale and frequency with which these clusters gather is greater.  
 
Fig. 5.3: SEM images detailing the location, shape, size and distribution of pores over the 
fracture surfaces of: (a) U-SiC, (b) H-SiC, (c) histogram of maximum length of pores, (d) 
cumulative density of pores. 
  
(a) (b) 
  
(c) (d) 
Chapter 5 – Results and Discussion for Silicon Carbide 
138 
 
The measured size distribution of pores is provided in the adjoining histograms in Fig. 5.3(c). 
For pores with a maximum measured length of <1 µm, the amount present is approximately 
three times higher in U-SiC than in H-SiC. In contrast, for pores with a maximum measured 
length >1 µm, H-SiC exceeds that of U-SiC and significantly large pores, from 5-9 µm in 
size, are found to be exclusive to H-SiC. The cumulative densities of the pores are presented 
in Fig. 5.3(d) as a function of pore length. Up to a size of 4 µm, the accumulative density in 
U-SiC is generally a few times larger than that in H-SiC. However, despite no pore >4.5 µm 
being detected, the trend shows that pore densities for sizes beyond 4.5 µm are likely larger 
in H-SiC compared to U-SiC.  
 
5.1.1.2 – Quasi-static Contact Performance 
 
5.1.1.2.1 – Vickers Indentation 
 
 
 
Fig. 5.4: Vickers hardness as a function of indentation load for U-SiC, B-SiC, and H-SiC. 
The curve of best fit follows an exponential function.  
 
Chapter 5 – Results and Discussion for Silicon Carbide 
139 
 
The HV-load curves for U-SiC, B-SiC and H-SiC are presented in Fig. 5.4. Qualitative 
analysis of these plots emphasises the fact that all three samples follow a relatively similar 
non-linear trend, eventually diverging at a higher load range of 25-40 N. Here, the average 
HV for U-SiC and B-SiC coincide well with one another at 22.84 GPa and 22.92 GPa 
respectively, whereas H-SiC is substantially lower by comparison at ~21.95 GPa, a difference 
of ~1 GPa. For B-SiC, an unforeseen and abrupt decline in HV is observed at the lowest load 
of 0.5 N. The reason surrounding the appearance of such an anomaly remains unclear. 
However, the peculiar behaviour of the reading means it has been ignored in fittings. H-SiC 
actually has the highest HV value at a load of 0.5 N of 28.97 GPa, whilst the value for U-SiC 
is 28.34 GPa. This means that H-SiC experiences the biggest drop in HV of 7.02 GPa, an 
increase of 28% compared to the drop of 5.51 GPa exhibited by U-SiC. 
 
Table 5.2: Vickers hardness values at loads of 0.49-39.23 N accompanied by uncertainties of 
one standard deviation for monolithic silicon carbide with varying degrees of grain 
heterogeneity. 
Load (N) U-SiC HV (GPa) B-SiC HV (GPa) H-SiC HV (GPa) 
0.49 28.34±0.8 26.49±1.0 28.97±1.4 
0.98 26.83±0.8 27.72±1.2 27.34±0.5 
1.96 26.05±0.8 27.15±0.8 26.72±0.5 
2.94 25.31±0.5 26.60±1.0 26.22±1.6 
4.90 24.14±2.4 25.65±0.9 24.74±1.2 
9.81 24.02±1.0 24.13±0.6 23.93±0.9 
19.61 23.44±1.5 23.11±0.6 22.95±0.6 
24.51 22.71±0.5 23.04±0.1 22.02±0.8 
29.42 22.80±0.2 23.07±0.3 21.87±0.6 
39.23 22.99±0.3 22.63±0.9 21.96±1.1 
 
5.1.1.2.2 – Vickers Indentation Modelling – Meyer’s Law  
 
The Meyer’s Law values quantifying the extent of each ISE based on the data presented in 
Fig. 5.4 and Table 5.2 are presented in Table 5.3. Based on variations to the n exponent, H-
SiC, with a lower n of 1.88, shows a heightened ISE, whilst U-SiC and B-SiC have an 
identical value of 1.91. 
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Table 5.3: A summary of the n and A parameters determined using the Meyer’s Law together 
with the a1, a2 terms according to the PSR model and load-independent hardness values of 
monolithic silicon carbide with varying degrees of grain heterogeneity. 
 
5.1.1.2.3 – Vickers Indentation Modelling – PSR model 
 
The PSR modelling results, also listed in Table 5.3, show that the load-independent hardness 
values of 22.11 GPa for U-SiC, 21.85 GPa for B-SiC and 20.84 GPa for H-SiC are all well-
aligned with the experimentally derived HV data. The a2 and corresponding HPSR values show 
a limited variance of 1.27 GPa across the three samples, an improvement of only ~6.1%. 
Consequently, of greater interest is the a1, related with the total amount of indentation-
induced cracking, which exhibits a far more substantial increase of 56% from U-SiC to H-
SiC. This implies that the cracking damage response of these sintered silicon carbide 
ceramics has greater implications in regards to the total contact performance under external 
loading. Thus, given that U-SiC has the lowest value of 22.44 N/mm, H-SiC has the highest 
value of 35.15 N/mm and B-SiC has a mid-range a1 value of 29.27 N/mm, gradual increases 
cracking damage should be exhibited by B-SiC compared to U-SiC and then by H-SiC 
compared to B-SiC. 
 
5.1.1.2.4– Observations of Indentation-Induced Damage 
 
During Vickers indentation tests, cracking occurred in U-SiC, B-SiC and H-SiC. Figure 
5.5(a-i) demonstrates how all three samples, under an increasing load, show a diverging shift 
in the total amount of cracking within the plastic/elastic region. For example, at the lowest 
load of 0.49 N, see Fig. 5.5(a-c), indents made on U-SiC, B-SiC and H-SiC bear close 
resemblance, with cracks that run parallel with the indent edges as well as radial cracks being 
well-formed and easily distinguishable in all samples. However, in Fig. 5.5(d-f), at a heavier 
load of 9.81 N, cracks within the indents themselves became increasingly common and each 
Sample 
Meyer’s Law  Proportional Specimen Resistance Model 
n A  a1 (N/mm) a2 (N/mm
2
) HPSR (GPa) 
U-SiC 1.91 52.85  22.44±2.9 11921.48±88 22.11 
B-SiC 1.91 53.17  29.27±4.4 11780.59±135 21.85 
H-SiC 1.88 50.16  35.15±4.8 11237.61±145 20.84 
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sample displayed a consecutive increase in the number of radial cracks which formed around 
the indents. In addition, cracking that propagated inside indents generated on B-SiC and H-
SiC was far more damaging compared to U-SiC. At the highest load of 39.23 N, see Fig. 
5.5(g-i), despite such indents not being of an acceptable standard for measurement, H-SiC 
could be defined by an appreciable upsurge in the frequency of indent failure via severe 
chipping. Conversely, at the same load, this issue was slightly less prevalent in indents made 
on B-SiC and a problem that rarely occurred in U-SiC. 
 
 
 
Fig 5.5: Selected indents made on U-SiC (a, d, g), B-SiC (b, e, h) and H-SiC (c, f, i) at the 
following loads: (a, b, c) 0.49 N, (d, e, f) 9.81 N, (g, h, i) 39.23 N. 
 
5.1.1.3 – Fracture Toughness 
 
In this section, we employ two methods for determining the fracture toughness based on the 
type of KIC being measured. Our primary interest here is in short-crack propagation that 
occurs during indentation, particularly underneath the Vickers indenter. In addition, for the 
silicon carbide containing varying degrees of heterogeneity, we are also interested in 
establishing whether or not any toughening has taken place with the increased grain size and 
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elongation. Typically this would occur over longer crack lengths that span across multiple 
grains [282]. For quantifying the KIC
I
, the cracking initiation fracture toughness, we employ 
Hertzian indentation because the testing equipment is fitted with an acoustic sensor which 
detects the formation of a ring-crack at the point of crack initiation. Therefore, subsequent 
crack propagation and any physical toughening mechanisms that may be in place have a 
negligible bearing on the final result. For measuring the KIC
p
, the fracture toughness after 
long crack propagation, we use Vickers indentation fraction (VIF). Despite VIF being heavily 
criticised in recent years [3], we feel the use of this test can be justified for two reasons: 
 
1. Literary sources have commonly used this method to comparatively assess the 
toughening effects in heterogeneous silicon carbide vs. homogeneous silicon carbide 
[252, 282, 348, 349, 350, 351]. 
2. This work is specifically interested in the physical mechanisms which determine the 
amount of cracking that occurs during Vickers indentation.  
 
5.1.1.3.1 – Vickers Indentation Fracture 
 
 
 
Fig. 5.6: The calculated Vickers indentation fracture toughness in relation to crack length for 
U-SiC and H-SiC. 
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These tests were only performed on the two samples featuring the most extreme 
microstructural differences, U-SiC and H-SiC. Figure 5.6 displays the fracture toughness 
values resolved using the VIF method. Here, U-SiC undergoes a minor reduction in the 
calculated KIC
P
 with an enlarging crack size from 4.16 MPa·m
1/2 
to 3.14 MPa·m
1/2
.  
 
 
 
 
Fig. 5.7: Classic radial cracking on as-received silicon carbide specimens after 1 µm 
polishing and chemical etching: (a) U-SiC, composed of straight, clean, transgranular crack 
extensions (b) H-SiC produced more convolute transgranular crack paths with multiple 
secondary radial cracks (as arrowed) forming in close proximity to the corner cracks. 
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Results show that measurements of lower value experience long crack propagation, meaning 
U-SiC seems to encounter a form of inhibited crack growth at lower loads. A probable cause 
could be the complex and interacting compressive stress field near the elastic/plastic 
boundary and directly behind the propagating crack, the effects of which become 
proportionally less as the crack extends farther into the elastic field. Consequently, the 
apparent crack propagation resistance drops to a value closer to that of a pure tensile stressing 
condition. Micrographical inspection of radial crack patterns produced during VIF at 10 kgf 
confirms that U-SiC experiences pure transgranular fracture, as illustrated in Fig. 5.7(a). This 
is further supported by the generation of a smooth fracture surface, indicating no change in 
fracture mode with crack growth. As expected, qualitative analysis of crack path interactions 
with the microstructure of U-SiC did not yield any signs of crack-bridging.  
 
 
 
Fig. 5.8: The total length of secondary radial cracks generated in U-SiC and H-SiC by 
Vickers indentation at 0.3-10 kgf against the measured corner crack length used to determine 
the VIF toughness. 
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In contrast, the KIC
P
 values for H-SiC, derived using VIF method, show a steady increase in 
the crack-growth resistance over ~120μm of crack extension, from an initial KIC
P
 equalling 
3.88 MPa·m
1/2
 up to a maximum KIC
P
 value of 6.05 MPa·m
1/2
, an improvement of ~56%. 
This characteristic “R-curve behaviour” is thought to be emblematic of a typically 
heterogeneous microstructure and has been attributed to the crack-bridging that occurs behind 
the propagating crack and/or crack-deflection that appears in the front of the crack tip [126, 
282], the effects of both becoming more conducive to the KIC
P
 with further crack 
development. In the radial crack patterns produced during VIF at 10 kgf, exemplified in Fig. 
5.7(b), H-SiC primarily exhibits transgranular fracture and, more importantly, shows no 
obvious indications of the crack-bridging mechanisms necessary to achieve such an R-curve 
in heterogeneous silicon carbide. Admittedly, some crack deflection can be seen in the 
Vickers corner cracks used for VIF measurements, but similar amounts of crack deflection 
appear to be present in U-SiC. Therefore, this is not considered significant.  
 
A key feature we identified was the presence of multiple secondary radial cracks [59], some 
of which are arrowed in Fig. 5.7(b), but that are also exhibited in the indents in Fig. 5.5(g-i). 
It is obvious from both sets of SEM images that such radial cracks of a secondary direction 
are infrequent in U-SiC. Estimates for the total length of secondary radial cracks are plotted 
in Fig. 5.8 against corner crack length, c, from eq. (3.2). For U-SiC, only a limited 
relationship exists between the development of additional secondary radial cracks and corner 
crack propagation. Yet the featured curve of H-SiC displays a substantial increase in the total 
secondary radial crack length with an enlarging corner crack, a trend akin to that of its KIC
P
 
with crack extension in Fig. 5.6. Such a finding and its impact on the KIC
P
 measured by VIF 
is discussed in further detail below. 
 
5.1.1.3.2 – Hertzian Indentation – Fracture Toughness 
 
As shown in Fig. 5.9, Hertzian indentation tests were also performed on U-SiC and H-SiC. 
The results of such tests are portrayed in Fig. 5.10 as a fracture probability against load 
diagram.  
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(a) (b) 
 
Fig. 5.9: Hertzian ring-cracks generated on a well-polished surface of (a) U-SiC and (b) H-
SiC with silicon carbide spheres of 5 mm in diameter.  
 
 
 
Fig. 5.10: The cumulative probability of ring-crack generation during Hertzian indentation 
with spherical indenters of varying diameter 3 mm, 5 mm and 10 mm for U-SiC (black 
symbols) and H-SiC (red symbols). 
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The calculated fracture toughness values, determined using the minimum fracture loads, are 
tabulated in Table 5.4 along with the measured ring-crack diameters and estimated sizes of 
pre-existing flaws responsible for the formation of such ring-cracks. Here, interestingly, U-
SiC and H-SiC show only a slight variation in KIC
I
 when detected by the same spherical 
indenter. Although there is a tendency for the absolute values of KIC
I
 to increase with an 
enlarged spherical indenter size, the total increment is no more than 0.4 MPa·m
1/2
, 
comparable to testing errors which arise during KIC
I
 measurements using different methods 
[187, 352]. The ascending trend, if any, appears to have no correlation with the size of pre-
existing flaws, but may be associated with the ring-crack diameters. The reason for such a 
trend is unclear. Nevertheless, the consistency of the results exhibited by these two ceramics 
further suggests that the grain structure has no influence on measurements of KIC
I
. 
 
Table 5.4: The minimum loads, ring-crack diameters, estimated flaw size for ring-crack 
initiation and fracture toughness values of U-SiC and H-SiC at different spherical indenter 
ball size. 
Material 
Ball Indenter 
Diameter 
(mm) 
Pmin 
(N) 
Ring-crack 
Diameter 
(µm) 
Flaw size for ring-
crack initiation 
based on Pmin (µm) 
KIC
I
 
(MPa·m
1/2
) 
U-SiC 
3 72 181.8 6.6 2.83 
5 145 198.1 2.3 3.11 
10 312 431.3 11.2 3.23 
H-SiC 
3 69 179.3 6.8 2.77 
5 130 227.3 5.0 2.95 
10 290 342.1 5.1 3.11 
 
5.1.1.3.3 – Hertzian Indentation – Flaw Populations 
 
Measurements of flaw populations detected on well-polished surfaces of U-SiC and H-SiC by 
Hertzian indentation are presented in Fig. 5.11. This data set was acquired using a spherical 
indenter with a diameter of 3 mm. The scattering of the measurements is likely due to 
statistical factors such as variations in the shape of flaws, an inevitable occurrence, and 
changes to the surface topography from one indentation test point to another, influencing the 
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geometric configuration of Hertzian contact which ultimately leads to a deviation in tensile 
stress field from that of perfect Hertzian contact.  
 
 
 
Fig. 5.11: Flaw populations attained using a 3 mm ball diameter on 1 µm polished surfaces of 
silicon carbide ceramics. Square and circular symbols represent U-SiC and H-SiC, 
respectively. 
 
To quantitatively assess the difference, we can fit the density of surface cracks, ρ, with an 
inverse power function of the detected crack size, c: 
 
                  
nAc                                                            (5.1) 
 
where A and n are constants derived via regression analysis and displayed in Table 5.5. By 
examining the relative positions of the fitted curves in Fig. 5.11, it is evident that the surface 
of U-SiC has a higher density of smaller flaws compared to H-SiC. However, this density 
descends at a steeper incline, meaning U-SiC has fewer large flaws on the surface. The 
largest flaws detected in the heterogeneous silicon carbide are also significantly larger than 
those in the homogeneous silicon carbide, the measured density being around 10
7
 m
-2
. 
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Table 5.5: A summary of the n and A parameters for both U-SiC and H-SiC determined 
using the inverse power function of eq. (6.1). 
Sample 
A  n 
Averaged 
Standard 
Deviation 
 
Averaged 
Standard 
Deviation 
U-SiC 9.605×10
8 
5.158×10
8 
 2.583 0.555 
H-SiC 3.654×10
8 
1.791×10
8 
 1.681 0.415 
  
Flaw population measurements made using a spherical indenter with a diameter of 10 mm 
managed to detect the largest surface flaws of ~20 μm in U-SiC and ~40 μm in H-SiC. In all 
likelihood, such flaws will be too large to influence the a1 values in Table 5.3. However, they 
may be important for the macro-scale surface cracking observed in Fig. 5.7(a-b). 
Nevertheless, such a finding still acts as evidence confirming that H-SiC has a flaw 
population that contain larger flaw sizes compared to U-SiC. 
 
5.1.1.4 – Dynamic Contact Performance 
 
5.1.1.4.1 – 3D Optical Microscopy 
 
 
 
Fig. 5.12: 3D optical microscopy maps of the residual impressions resulting from a 1.35 kg 
DW impact using a 2 mm ball in: (a) U-SiC, (b) B-SiC, and (c) H-SiC. 
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3D optical microscopy maps of the impressions resulting from DW impacts at a load of 1.35 
kg in U-SiC, B-SiC and H-SiC are presented in Fig. 5.12(a-c). Meanwhile, crater depth 
measurements taken across a range of loads are listed in Table 5.6 as well as in Fig. 5.13 as a 
function of the calculated impact energy density based on eq. (3.12). From the results, the 
DOP for U-SiC is largely consistent with increasing impact energy density, showing the 
smallest increase of any sample at 32% across the entire energy density range. Conversely, B-
SiC and H-SiC each display a heightened, less linear trend, with higher energy densities 
corresponding with even deeper penetration depths. Consequently, the increases in DOP 
across the same energy range are much greater at 101% for B-SiC and 183% for H-SiC. 
 
 
 
Fig. 5.13: The measured DOP for various DW impressions generated on the surface of U-
SiC, B-SiC and H-SiC as a function of impact energy density.  
 
The maximum load employed was limited to 13.24 N (1.35 kg) by the fact that all three 
silicon carbide samples began to consistently fail under higher loads, an average of only 3 
indents making up the plotted data points at the energy density of 210.5 J/mm
2
. This may 
provide an explanation as to why the standard error is the largest at such a load. 
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Table 5.6: DW crater depths at loads of 1.47-13.24 N accompanied by uncertainties of one 
standard deviation for monolithic silicon carbide with varying degrees of grain heterogeneity. 
Load 
(Kg) 
Load 
(N) 
Impact Energy 
Density (J/mm
2
) 
U-SiC  
DOP (µm) 
B-SiC  
DOP (µm) 
H-SiC 
 DOP (µm) 
0.15 1.47 23.4 0.53±0.17 0.39±0.08 0.33±0.08 
0.3 2.94 46.8 0.55±0.13 0.46±0.24 0.54±0.07 
0.45 4.41 70.2 0.67±0.12 0.58±0.11 0.69±0.04 
0.6 5.89 93.6 0.59±0.11 0.63±0.20 0.59±0.11 
0.75 7.36 116.9 0.66±0.11 0.66±0.04 0.67±0.17 
0.9 8.83 140.3 0.63±0.17 0.73±0.18 0.77±0.16 
1.05 10.30 163.7 0.67±0.07 0.74±0.26 0.87±0.10 
1.2 11.77 187.1 0.67±0.13 0.62±0.13 0.90±0.08 
1.35 13.24 210.5 0.70±0.09 0.79±0.47 0.95±0.13 
 
5.1.1.4.2 – Ultraviolet Fluorescence Microscopy 
 
UVFM images of the DW-induced fracture patterns generated after a 1.35 kg impact on U-
SiC, B-SiC and H-SiC are presented in Fig. 5.14(a-f). Examining the images highlights a 
marked increase in the amount of cracking damage sustained with greater degrees of grain 
heterogeneity, the arching-cracks around the contact boundary being the main contributor in 
this observation. Based on the SEM images in Fig. 5.15, differences in the ring-crack 
densities nearer the point of impact appear to be marginal. In addition, measurements of the 
innermost and outermost ring-cracks show no real trend, each sample having a value of ~180 
µm and ~555 µm respectively. The biggest difference is seen in the damage sustained beyond 
the ring-crack region. Here, U-SiC exhibits the least amount of damage, but still contains a 
number of arching-cracks that partially encircle the ring-crack region. Meanwhile, the 
arching-cracks in B-SiC are much wider and deeper, the surrounding areas also displaying 
moderate amounts of fragmentation. Compared to B-SiC, H-SiC is marginally worse, 
exhibiting multiple rows of arching-cracks together with similar levels of fragmentation. 
However, the size of the damage zone is larger in H-SiC. The crack path morphology of these 
arching-cracks seems to be more intricate in both B-SiC and H-SiC compared to U-SiC. 
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Fig. 5.14: UVFM images of the fracture patterns that develop during a 1.35 kg DW impact 
test in: (a-b) U-SiC (c-d) B-SiC, and (e-f) H-SiC. 
  
In the case of total catastrophic sample failure on impact, the damage site of the silicon 
carbide ceramics was characterised by extensive fragmentation directly underneath the point 
of contact, deep cone-cracking and multiple radial cracks that fully extended to the edges of 
the sample.  
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Fig. 5.15: SEM images of the ring-crack region resulting from DW impact tests in: (a) U-SiC 
(b) B-SiC, and (c) H-SiC. 
  
Figure 5.16(a-d) depicts some of the macro-scale cracking damage sustained in U-SiC and H-
SiC after DW failure at a load of 1.35 kg. During SEM observations of the areas surrounding 
the impact site, no ring-cracks could be found, only a number of arching-cracks at the contact 
boundary. In addition, inspection of the sub-surface debris from directly underneath the point 
of impact revealed a transgranular fracture surface with no signs of plasticity. 
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Fig. 5.16: Photographs of the macro-scale cracking damage exhibited during catastrophic 
failure of: (a-b) U-SiC, and (c-d) H-SiC, at a load of 1.35 kg with a 2 mm ball. The images in 
(a) and (c) are topside, where the indenter makes contact with the sample surface, and (b) and 
(d) are the underside. 
 
5.1.2 – Discussion 
 
5.1.2.1 – Quasi-static Contact Performance 
 
5.1.2.1.1 – The Effect of Grain Heterogeneity on the Plastic Deformation Response of Silicon 
Carbide Ceramics 
 
Based on the results presented in section 5.1.1.2, the HPSR, and corresponding a2 values, 
decline with increasing grain heterogeneity. Following the analysis in Chapter 4, such a 
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change is attributable to variations in grain size and porosity levels, increases in which should 
reduce the hardness (see Chapter 2). However, across U-SiC, B-SiC and H-SiC, whilst the 
grain size increases, the porosity simultaneously decreases. Therefore, in these silicon carbide 
samples, the HPSR is controlled by two competing microstructural characteristics.  
 
In order to establish their respective contributions, the HPSR values and porosity adjusted HPSR 
values, estimated in accordance with eq. (4.11), have been plotted in Fig. 5.17 as a function 
of average intercept length following the modified Hall-Petch equation in eq. (4.3).  
 
 
 
Fig. 5.17: Hardness vs. grain size for silicon carbide samples of varying grain heterogeneity. 
 
From the resultant graph, the AdjHPSR values, with an improved linear fit (R
2
 = 0.982) 
compared to the original HPSR data (R
2
 = 0.8994), are found to be in better agreement with the 
linear dependent Hall-Petch model in eq. (4.2). This would suggest that the AdjHPSR values 
provide a reliable indication of the change in hardness resulting exclusively from the 
enlargement of the grain structure. Consequently, by comparing the HPSR trend line against 
that of the AdjHPSR, we are also able to examine the change in hardness resulting solely from 
the introduction of porosity.  
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Following such analysis, it is apparent that the reduction in porosity with increasing grain 
heterogeneity has managed to suppress the apparent grain size (Hall-Petch) effect. Based on 
the HPSR plot, the maximum difference in hardness between U-SiC and H-SiC is 1.27 GPa 
(6.1%). However, in the AdjHPSR plot, where the effects of porosity have been removed, the 
maximum difference in hardness between U-SiC and H-SiC is much larger at 3.1 GPa 
(13.2%). Given that this 3.1 GPa difference in the AdjHPSR values is the result of a 13-fold 
increase in average grain size and was reduced by 59% to 1.27 GPa with only a 2% change in 
porosity between U-SiC and H-SiC, we would conclude that porosity is the dominant 
microstructural feature in these three silicon carbide ceramics and the most influential 
contributor to the limited differences in HPSR values between U-SiC and H-SiC. 
 
5.1.2.1.2 – The Effect of Grain Heterogeneity on the Fracture Response of Silicon Carbide 
Ceramics 
 
According to the a1 values in Table 5.3, indentation-induced cracking increases across all 
three silicon carbide samples with greater degrees of grain heterogeneity. Such a trend is 
confirmed in the SEM images depicting the surface fracture patterns that develop around 
indents generated over the higher load regime (10-40N). 
 
Table 5.7: The hardness and fracture toughness values used to determine the minimum flaw 
size at which cracking may be initiated in monolithic silicon carbide with varying degrees of 
grain heterogeneity. 
Sample AdjHPSR (GPa) KIC (MPa·m
1/2
) P
*
 (N) C
*
 (μm) 
U-SiC 26.65 2.80 0.08 0.5 
B-SiC 25.47 2.80 0.09 0.5 
H-SiC 23.54 2.80 0.12 0.6 
 
In using the model of Lawn and Evans (see eq. (4.12) and (4.13)) [72], estimations of the 
minimum flaw size and load at which cracking can initiate in U-SiC, B-SiC and H-SiC 
reveals negligible differences in the C
*
 and P
*
 values (see Table 5.7). Consequently, under 
the assumption that the stress configuration experienced by all three sintered silicon carbide 
samples is the same, the ratios of a1 should reflect the ratio of the densities of pre-existing 
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flaws determined for U-SiC and H-SiC and, as a first approximation, have the following 
relationship with the size of a pre-existing flaw, Ci 
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                          (5.2) 
 
where the superscript H and U symbolise H-SiC and U-SiC respectively. By replacing the 
density function of flaws in eq. (5.2) with that of the measured flaw density for each silicon 
carbide ceramic, taken from Table 5.5, the a1 ratio is correlated to the flaw size, Ci, by the 
following expression: 
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From the data listed in Table 5.3, the a1
H
/a1
U
 ratio of 1.57 means that pre-existing flaws 
larger than ~4.8 μm in size are the dominant contributors to the cracking that ensues around 
and underneath during indentation. This estimation is well above the C
*
 values given in Table 
5.7, suggesting that cracks originating from pre-existing flaws <4.8 μm in size have a finite 
impact on the difference in the total amount of fracture displayed by U-SiC and H-SiC. This 
may be because the K at the crack tip of small flaws (C
*
 < C < Ci) is too low to generate 
cracks long enough that they are able to escape the continual progression of the plastic/elastic 
boundary. Consequently, cracks originating from such flaws will rapidly be consumed inside 
the yield zone, where further crack propagation is restrained due to the hydrostatic 
compression inside this region. Given the short nature of such cracks, they may be unable to 
initiate any fracture-based mechanisms (e.g. grain boundary sliding or pore collapse) that 
may affect the dimensions of the indent, the ISE behaviour and the corresponding a1 values 
used to calculate the Ci. Conversely, for pre-existing flaws larger than Ci, the K around the 
crack tip is large enough that longer crack extensions are achievable. Therefore, long-crack 
mechanisms, like the median crack wedging mechanism described by Swain and Wittling and 
reviewed in Chapter 2 of this thesis [103], can be activated to facilitate deeper indenter 
penetration. Some support for such a concept is given by the fact that the higher measured 
density of larger flaws in H-SiC results in an increased number of macro-scale cracks 
compared to U-SiC. Accordingly, H-SiC may promote greater amounts of indentation-
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induced cracking damage by having flaws large enough to have a K which surpasses the KIC 
significantly around the elastic/plastic boundary of indentation impression, which leads to 
significant propagation before the K drops to a level lower than the KIC.  
 
The consistency of the trends observed by the flaw population data in Fig. 5.11 and the 
porosity measurements in Fig. 5.3(d) leads us to believe that the difference in the flaw 
population between U-SiC and H-SiC may originate from the intrinsic pores in each silicon 
carbide ceramic, rather than being introduced by the grain structure, or, the final polish by 1 
µm diamond grits, as supported by Roberts’ analysis which dictates that “the cracks are likely 
to be of depths comparable to, and in most cases slightly less than, the diameter of the 
abrasive particles” [353]. This is despite the measured flaw density being one order of 
magnitude smaller than the density of pores. Incidentally, it is possible that the orientation of 
the flaws on the surface could be responsible for the scale factor difference. The Warren 
model adopted in order to quantify the surface flaw population assumes that flaws are of a 
half-penny shape and exactly perpendicular to the tensile stress along the radial direction. In 
reality, flaws are always randomly oriented. Under such conditions, Warren estimated that 
the density of surface flaws could be 10× greater in value [113]. Therefore, we propose that 
the surface flaw densities detected by Hertzian indentation are close enough to the porosity 
density measurements, particularly in the small size regime, that they are related. In the larger 
size regime, apart from the large pores that may already be inherent, the coalescence of pores 
to form pore clusters could likewise act as a large flaw. Based on such a hypothesis, two 
conclusions can be made: 
 
1. Increasing the amount of porosity within a microstructure does not directly 
correspond with an increase in indentation-induced cracking damage, H-SiC 
exhibiting more indentation-induced cracking than U-SiC despite containing less 
porosity. 
2. Flaw size distributions (governed by the pore size) play as vital a role as the flaw 
density (governed by levels of porosity) in the indentation-induced fracture process 
such that no secondary radial cracking will occur if the size of flaws is too small to 
initiate cracking, regardless of how high the flaw density is. 
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5.1.2.1.3 – The Effect of Increased Secondary Radial Cracking on VIF Measurements in 
Silicon Carbide Ceramics 
 
A fundamental point of interest is the effect that the increased secondary radial cracking in H-
SiC has on KIC
P
 measurements acquired using the VIF approach. As discussed in Chapter 2, 
the most recognised toughening mechanism in ceramics that exhibit severe grain elongation 
is localised bridging, where elongated or larger grains in the microstructure interlock due to 
internal compressive stresses causing frictional pull-out [126, 187, 284]. This usually leads to 
an increase in fracture toughness with crack extension. As shown in Fig. 5.6, the VIF results 
indicate an apparent toughening in H-SiC compared to U-SiC, with H-SiC displaying a 
notable R-curve. However, in examining the fracture patterns emanating from the Vickers 
corners, no signs of the crack-bridging mechanism described in the literature [126, 280] and 
no significant difference in terms of crack deflection could be found to explain such 
toughening. This is not all that unsurprising given how the bimodal and heterogeneous 
microstructure is achieved in B-SiC and H-SiC compared to other bimodal and heterogeneous 
silicon carbide ceramics documented in the literature. Take the original work of Padture and 
Lawn [126] as an example. Here, observations on heterogeneous silicon carbide revealed 
deflected cracking along grain boundaries and extensive crack-bridging. However, 
differences in the sample compositions are particularly important to note. In Padture and 
Lawn’s samples, large quantities of sintering aids were used to induce the heterogeneous 
microstructure through liquid-phase sintering. These additives then coalesced at the grain 
interface to form “a residual intergranular second phase - yttrium aluminium garnet (YAG) 
crystalline”. This YAG phase gives a difference in the coefficient of thermal expansion 
(CTE) of 5×10
-6
 K
-1
, leading to substantial residual stresses at the interface boundaries. It is 
these residual stresses that cause the de-bonding along the grain boundaries of the 
elongated/large grains in the silicon carbide ceramic with a heterogeneous grain structure. 
This results in a distinct fracture morphology consistent with that of intergranular fracture, 
which, as shown in Fig. 1 and 2 in their paper, included grain-bridging and pull-out linked to 
the elongated grains. Conversely, because the microstructures of B-SiC and H-SiC have been 
induced through a post-sintering annealing process, rather than by introducing larger 
quantities of additives, there is little change in the residual stresses between the interface 
phase and the silicon carbide grains, meaning the strength of the grain boundary in B-SiC and 
H-SiC should be closer to that of U-SiC, which displayed no toughening. Therefore, it is not 
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unreasonable to suggest that crack-bridging does not take place in H-SiC and/or its 
effectiveness is negligible due to the lack of a weak grain boundary.  
 
As shown in Fig. 5.7(b), despite an absence of crack-bridging, increased radial cracking, in 
the form of secondary radial cracks, were recorded. Fig 5.8 confirms that with longer total 
lengths of the secondary radial cracks, shorter Vickers corners cracks can be expected. Based 
on such a finding, we conclude that in H-SiC the extent to which each corner crack 
propagates may be constrained by the nucleation and growth of the secondary radial cracks 
i.e. greater cracking damage, which are not considered in the analysis of VIF. In addition, the 
generation of the multiple subsidiary cracks which appear in the vicinity of primary cracks, as 
shown in Fig. 5.7(b), may also assist in establishing a high KIC
P
, but we surmise this to be of 
relative insignificance given the small quantities and crack lengths observed. Thus, we 
propose that it is not the grain structure that causes the apparent toughening measured VIF, 
but, as established above, the change in pore size that takes place with the annealing process. 
Consequently, this conclusively demonstrates that the R-curve measured by VIF, displayed in 
Fig. 5.6, and the seeming improvement in cracking resistance with increasing corner crack 
size is not caused by a change in the real KIC, but is the result of a false toughening effect 
caused by the multiplication of secondary radial cracks about the indentation impression and 
an overall increase in the total area of fracture as indicated by the a1 in Table 5.3. Such a 
statement is supported by the estimated KIC
I
 from Hertzian tests which exhibit no crack 
multiplication mechanism, as illustrated by Fig. 5.9(a-b), resulting in comparable values of 
fracture toughness for both U-SiC and H-SiC. 
 
5.1.2.2 – Dynamic Contact Performance 
 
5.1.2.2.1 – The Effect of Grain Heterogeneity on the Dynamic Contact Damage Response of 
Silicon Carbide Ceramics 
 
The consistency displayed in the DOP results up to an energy density of ~116.9 J/mm
2
 and 
the divergent trend of B-SiC and H-SiC which follows at higher impact loads/energy 
densities, seems to suggest the existence of a critical transition point at which plastic flow 
becomes supressed in U-SiC and, to some extent, in B-SiC, compared to H-SiC. It is possible 
that fracture-based mechanisms may also be a contributing factor. However, both UVFM and 
SEM analysis of residual DW impressions revealed no micro-cracking at the contact surface 
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in any of the silicon carbide samples. Therefore, it is unlikely that the formation of a DW 
crater is the result of a grain boundary sliding mechanism similar to that observed in the 
alumina samples of varying grain heterogeneity. In addition, all three silicon carbide samples 
exhibited negligible differences in the size of the ring-crack region and the density of ring-
cracks in it. It is worth mentioning that ring-cracks have also been observed in high velocity 
(63-500 m/s) sphere-impacted silicon carbide ceramics which retained no permanent 
impression [354]. Therefore, it is unlikely that ring-cracking assists in the generation of a 
residual impression in silicon carbide anyway. Still, with no significant change observed 
across U-SiC, B-SiC and H-SiC, it would seem reasonable to suggest that ring-cracking is not 
responsible for the DOP variations displayed in Fig. 5.13. The only possible contribution due 
to fracture could be the increased arching-crack damage displayed in the silicon carbide 
samples of greater microstructural heterogeneity, such increases being attributable to the 
larger flaw size distributions that result from the coarsening of the grain structure and the 
evolution of larger pores. Whether the nucleation and propagation of such arching-cracks is 
the cause or the consequence of the deeper DW penetration depths remains unclear. 
However, the compatibility of the trend displayed with that of the measured DOP data 
certainly suggests that the increased development of arching-cracks could provide at least a 
partial contribution to the deformation process.  
 
5.1.3 – Summary 
 
In this section of this chapter, we have studied the quasi-static and dynamic contact 
performance of three commercial-grade silicon carbide ceramics with grain structures of 
varying heterogeneity. To summarise our findings: 
 
 The increase in grain heterogeneity observed across all three silicon carbide samples 
resulted in a decrease in HPSR of 6.1% from U-SiC to H-SiC. By re-evaluating these 
values to account for the effect of porosity on the indent size, this difference increased 
to 13.2%. In accordance with the Hall-Petch relationship, it was concluded that the 
substantial decrease in hardness seen across U-SiC to H-SiC is the result of the grain 
enlargement that simultaneously takes place with increasing grain heterogeneity, H-
SiC possessing an average grain size 13× greater than that of U-SiC. 
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 Variations in the a1 were found to be much more significant, the 56% increase from 
U-SiC to H-SiC indicating that cracking plays a bigger role in the total contact 
damage performance. This change in the total amount of indentation-induced cracking 
is associated with the modifications to the flaw populations that occur with increasing 
grain heterogeneity, H-SiC containing a higher density of larger flaws. The 
coalescence of pores to form pore clusters is believed to be the most significant 
contributor to such changes to the flaw populations. 
 
 Under dynamic DW test conditions at varying loads, the DOP was found to be deeper 
at higher impact energy densities. In addition, for DW impacts with energy densities 
>116.9 J/mm
2
, the DOP of the silicon carbide ceramics increased with greater grain 
heterogeneity. This trend continued to the maximum energy density of 210.5 J/mm
2
 
where the final DOP for U-SiC, B-SiC and H-SiC was 0.70±0.09 µm, 0.79±0.47 µm, 
and 0.95±0.13 µm, respectively, and sample failure was frequent. It is thought that 
plasticity is somehow suppressed in U-SiC, and then B-SiC, at a critical transition 
point as the impact energy densities of the DW tests are increased. However, analysis 
of the fracture patterns generated during DW impact tests all indicates that arching-
crack development may also influence the resultant penetration depths. 
 
5.2 – Varying Processing Routes 
 
5.2.1 – Experimental Results 
 
5.2.1.1 – Grain Structures, Microstructural Features and Densities 
 
As shown in Fig. 5.18(a-b), micrographical representations of Hexoloy-SiC and Pad-SiC 
microstructures reveals that the two silicon carbide samples bear a close resemblance to one 
another, each displaying a fine and largely uniform grain structure. Confirmation of this can 
be found in Table 6.8 and in Fig. 5.19, where measurements characterising the grain 
structures of both samples show that Hexoloy-SiC and Pad-SiC have average intercept 
lengths of 3.43±0.54 µm and 3.48±0.3 µm respectively. Meanwhile, whilst a 27% difference 
in the measured grain aspect ratios shows that Hexoloy-SiC has a more elongated grain 
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structure compared to Pad-SiC, values of 1.62±0.55 (Hexoloy-SiC) and 1.28±0.15 (Pad-SiC) 
are still consistent with a largely homogenous grain structure.  
 
       
 
Fig. 5.18: The polished and etched microstructures of silicon carbide samples densified by 
employing different methods of sintering: (a) Hexoloy-SiC, (b) Pad-SiC. 
 
 
 
Fig. 5.19: Grain size distribution plots for Hexoloy-SiC and Pad-SiC. 
 
As expected, the employment of pressure-assisted sintering has resulted in Pad-SiC being the 
denser material, a density of 3.17 g/cm
3
 equating to a theoretical density of 98.8%. However, 
Hexoloy-SiC, with a measured density of 3.13 g/cm
3
 and theoretical density of 97.5%, still 
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possesses a respectable value, especially for a pressureless-sintered material.  
 
Table 5.8: A summary of the measured average intercept length, aspect ratios and densities 
of monolithic silicon carbide densified using different sintering methods. 
 
5.2.1.2 – Quasi-static Contact Performance 
 
5.2.1.2.1 – Vickers Indentation 
 
The HV data for Hexoloy-SiC and Pad-SiC is graphically depicted in Fig. 5.20. Here, the HV 
curves only show a slight deviation with increasing load.  
 
 
 
Fig. 5.20: Vickers hardness as a function of indentation load for Hexoloy-SiC and Pad-SiC. 
The curves of best fit follow an exponential function. 
Sample 
Average Intercept 
Length (µm) 
Aspect Ratio 
Density 
(g/cm
3
) 
Theo. Density 
(%) 
Hexoloy-SiC 3.43±0.54 1.62±0.55 3.13 97.5 
Pad-SiC 3.48±0.3 1.28±0.15 3.17 98.8 
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Fig. 5.21: SEM image of severe indentation-induced cracking damage displayed by Pad-SiC 
at higher loads of 25-40 N. Indents exhibiting such behaviour were not used in any of the 
analysis that follows. 
 
Unfortunately, due to excessive cracking inside and around the residual indents, 
measurements could not be made on Pad-SiC above 20 N. In addition, the estimated HV at 20 
N is an average of only 3 indents as opposed to the usual 5.  
 
Table 5.9: Vickers hardness values at loads of 0.49-39.23 N accompanied by uncertainties of 
one standard deviation for monolithic silicon carbide densified using different sintering 
methods. 
Load (N) Hexoloy-SiC HV (GPa) Pad-SiC HV (GPa) 
0.49 29.24±0.3 29.46±0.8 
0.98 28.75±0.7 28.10±0.3 
1.96 28.21±0.6 27.39±1.5 
2.94 27.77±0.5 26.70±0.3 
4.90 27.06±0.8 26.11±0.7 
9.81 26.11±0.8 25.52±1.2 
19.61 25.08±0.8 24.63±0.1 
24.51 24.46±0.4 - 
29.42 24.35±0.5 - 
39.23 24.36±0.3 - 
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An example of the severity of the cracking damage is given in Fig. 5.21. This behaviour has 
been exhibited in other hot-pressed silicon carbide ceramics elsewhere [355]. Despite only 
having data points for Pad-SiC from 0.5-20 N, it is clear that Pad-SiC has a lower measured 
HV compared to Hexoloy-SiC, the HV at 20 N being 24.6 GPa for Pad-SiC and 25.08 GPa for 
Hexoloy-SiC. Furthermore, Pad-SiC exhibits a much steeper drop in HV. 
 
5.2.1.2.2 – Vickers Indentation Modelling – Meyer’s Law  
 
As shown in Table 5.10, fitting the data in Table 5.9 using Meyer’s Law reveals a small 
decrease in the n value of Pad-SiC relative to Hexoloy-SiC. This suggests that Pad-SiC 
suffers from a slightly greater ISE, which is consistent with the drop in HV displayed in Fig. 
5.20.  
 
Table 5.10: A summary of the n and A parameters determined using the Meyer’s Law 
together with the a1, a2 terms according to the PSR model and load-independent hardness 
values for monolithic silicon carbide densified using different sintering methods 
 
5.2.1.2.3 – Vickers Indentation Modelling – PSR model 
 
The a1 values derived from the PSR model, also presented in Table 5.9, follow a contrasting 
trend to that of the n exponent, with the a1 for Pad-SiC being 1.61 N/mm lower. 
Consequently, the ISE should be less severe in Pad-SiC, at least according to the PSR model. 
However, given the conflicting results displayed between the Meyer’s Law and PSR model 
and the relatively large errors, it seems reasonable to conclude that the difference in a1 is 
negligible between these two silicon carbide ceramics. Incidentally, the HPSR values 
calculated using the a2 terms exhibit an equally small difference of ~2%. This suggests that 
these two silicon carbide samples should be identical in regards to indentation-induced 
contact damage. 
Sample 
Meyer’s Law  Proportional Specimen Resistance Model 
n A 
 
a1 (N/mm) a2 (N/mm
2
) 
HPSR 
(GPa) 
Hexoloy-SiC 1.92 54.84  21.95±4.1 13092. 16±202 24.83 
Pad-SiC 1.91 54.33  20.34±2.4 12849.97±115 25.39 
Chapter 5 – Results and Discussion for Silicon Carbide 
167 
 
5.2.1.2.4 – Observations of Indentation-Induced Damage 
 
 
  
Fig. 5.22: Selected indents made on Hexoloy-SiC (a, c, e) and Pad-SiC (b, d, f) at the 
following loads: (a, b) 0.49 N, (c, d) 4.91 N, (e, f) 19.61 N. 
 
As mentioned previously, the indentation-induced cracking damage exhibited by Pad-SiC 
was so severe that HV measurements across the higher load-regime of 25-40 N could not be 
completed. This is evidenced in the SEM images presented in Fig. 5.22(a-f), which depict 
indents made at 0.49 N (Fig. 5.220(a-b)), 4.9 N (Fig. 5.22(c-d)) and, the highest load 
achievable, 19.61 N (Fig. 5.22(e-f)). A comparative analysis of the fracture patterns shows a 
progressive trend of increasing cracking damage with higher loads. As shown in Fig. 5.22(a-
b), at the lowest load of 0.5 N, Hexoloy-SiC and Pad-SiC exhibit interchangeable levels of 
cracking damage, both only displaying a few short radial cracks. For Pad-SiC, as the 
indentation load increases, localised cracking, almost exclusively inside the indentation 
impression, readily occurs. This is well-demonstrated in Fig. 5.22(c). Conversely, in Fig. 
5.22(d), the increased damage in Hexoloy-SiC comes in the form of additional cracking along 
the indent edges and increased radial cracking, both in length and number. At the maximum 
load of 19.61 N, in Fig. 5.22(e-f), the damage in Pad-SiC is even more intense, with 
considerable amounts of fragmentation. Meanwhile, Hexoloy-SiC continuous to display 
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further cracking inside the indent together with longer radial cracks outside the impression.  
As shown in Fig. 5.21, at higher loads, Pad-SiC would often produce indents where the 
damage inside the impression was so severe that the whole top-surface of the impression had 
been removed, revealing the subsurface fracture zone. The topography of this damage site 
would suggest that Pad-SiC deviates from the traditional fracture mode of the silicon carbide 
ceramics and experiences intergranular fracture. Figure 5.23(b) confirms this by showing the 
intricate radial crack paths that emanate from the corners of a 10 kgf Vickers indent in Pad-
SiC. Based on Fig. 5.23(a), transgranular fracture is the dominate fracture mode in Hexoloy-
SiC. 
 
 
 
 
Fig. 5.23: Radial cracking on as-received silicon carbide samples after 1 µm polishing and 
chemical etching: (a) Hexoloy-SiC - exhibits straight, clean, transgranular fracture typically 
observed in silicon carbide ceramics (b) Pad-SiC – displays more torturous crack path 
morphologies emblematic of intergranular fracture. 
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5.2.1.3 – Fracture Toughness 
 
5.2.1.3.1 – Hertzian Indentation – Fracture Toughness 
 
 
 
Fig. 5.24: The probability of Hertzian ring-crack generation for spherical indenters of 3 mm, 
5 mm and 10 mm as a function of fracture load for Hexoloy-SiC (black symbols) and Pad-
SiC (red symbols). 
 
Hertzian fracture loads measured for Hexoloy-SiC and Pad-SiC using 3 mm, 5 mm and 10 
mm silicon carbide spheres are presented in Fig. 5.24 as a fracture probability against 
indention load diagram. As shown in Table 5.11, the calculated KIC of Pad-SiC is higher 
relative to Hexoloy-SiC when detected by the same spherical indenter. Irrespective of the 
indenter ball size, the KIC of Hexoloy-SiC remains largely consistent, exhibiting a change of 
only 0.38 MPa·m
1/2
. Meanwhile, the KIC of Pad-SiC exhibits an appreciable decline of ~1.25 
MPa·m
1/2
 with increasing indenter sphere diameter. 
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Pad-SiC
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Table 5.11: The minimum loads, ring-crack diameters, flaw size for ring-crack initiation and 
fracture toughness values of Hexoloy-SiC and Pad-SiC at each spherical indenter ball size. 
Material 
Ball Indenter 
Diameter 
(mm) 
Pmin 
(N) 
Ring-crack 
Diameter 
(µm) 
Flaw size for ring-
crack initiation 
based on Pmin (µm) 
KIC 
(MPa·m
1/2
) 
Hexoloy-SiC 
1.5 97 161.9 2.78 3.28 
2.5 128 262.5 8.82 2.93 
5 251 407.2 13.01 2.90 
Pad-SiC 
1.5 263 290 10.57 5.40 
2.5 305 323.44 8.52 4.52 
5 516 483.65 12.55 4.15 
 
5.2.1.3.2 – Hertzian Indentation – Flaw Populations 
 
 
 
Fig. 5.25: The estimated flaw densities vs. flaw sizes attained using 3 mm, 5 mm and 10 mm 
diameter balls on 1 µm polished surfaces of silicon carbide ceramics. Hexoloy-SiC and Pad-
SiC are represented by the black squares and red circles respectively. Note the logarithmic 
scale on the y-axis. 
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Figure 5.25 shows the Hertzian flaw population measurements made over the highly-polished 
surfaces of Hexoloy-SiC and Pad-SiC. Close evaluation of the results shows that both silicon 
carbide ceramics exhibit an equivalent trend, with the majority of data points located between 
a flaw size range of 2-9 µm and a flaw density in the order of 10
7
-10
8
 m
-2
. This would 
suggest that the flaw population is the same in both samples, particularly flaws recorded 
under the 5 mm ball. This is confirmed by the fitted curves in Fig. 5.25, where both intersect 
one another at ~3 µm.  
 
5.2.1.4 – Dynamic Contact Performance 
 
5.2.1.4.1 – 3D Optical Microscopy 
 
 
 
Fig. 5.26: The measured depth of penetration for various DW impressions generated on the 
surface of Hexoloy-SiC and Pad-SiC at varying loads. 
 
Figure 5.26 shows the depth measurements of the DW impressions generated in Hexoloy-SiC 
and Pad-SiC across a variable load regime. The surface profiles used to make such 
Chapter 5 – Results and Discussion for Silicon Carbide 
172 
 
measurements were taken from the 3D optical microscopy images in Fig. 5.27(a-b). Based on 
the fitted curves, it is clear that the DOP in both Hexoloy-SiC and Pad-SiC becomes greater 
with increasing impact energy density. Initially, the measured results for both Hexoloy-SiC 
and Pad-SiC across the energy density range of 23.4 J/mm
2
 to 93.6 J/mm
2
 are largely 
identical. It is beyond this that differences are seen between the two samples, the increase in 
DOP in Hexoloy-SiC exhibiting a much steeper incline relative to Pad-SiC. In Hexoloy-SiC, 
from 93.6 J/mm
2
 to 210.5 J/mm
2
, this equates to a 118.5% increase, significantly greater than 
the 23.6% seen by Pad-SiC from 93.6 J/mm
2
 to 280.7 J/mm
2
. 
 
 
 
Fig. 5.27: 3D optical microscopy maps of the residual impressions resulting from a 1.2 kg 
DW impact using a 2 mm ball in: (a) Hexoloy-SiC, and (b) Pad-SiC.  
 
It is important to note the higher maximum energy density experienced by Pad-SiC. One 
primary observation during testing was the notable difference in the damage tolerance of 
these two materials. Whilst the Hexoloy-SiC sample would catastrophically fail at loads of 
1.35 kg, the plotted data point in Fig. 5.26 being an average of 3 hits, Pad-SiC managed 5 hits 
at 1.8 kg and, were it not for the limitations of the DW testing equipment, could have 
sustained higher loads. The significance of such a finding is discussed in further detail below. 
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Table 5.12: DW crater depths at loads of 1.47-17.66 N accompanied by uncertainties of one 
standard deviation for monolithic silicon carbide densified using different sintering methods. 
Load 
(Kg) 
Load 
(N) 
Impact Energy 
Density (J/mm
2
) 
Hexoloy-SiC 
DOP (µm) 
Pad-SiC  
DOP (µm) 
0.15 1.47 23.4 0.25±0.08 0.23±0.04 
0.3 2.94 46.8 0.29±0.14 0.33±0.08 
0.45 4.41 70.2 0.31±0.11 0.34±0.03 
0.6 5.89 93.6 0.35±0.02 0.36±0.06 
0.75 7.36 116.9 0.42±0.05 0.31±0.02 
0.9 8.83 140.3 0.45±0.18 0.40±0.08 
1.05 10.30 163.7 0.56±0.06 0.42±0.05 
1.2 11.77 187.1 0.60±0.13 0.47±0.07 
1.35 13.24 210.5 0.77±0.17 0.36±0.06 
1.5 14.72 233.9 - 0.45±0.11 
1.65 16.19 257.3 - 0.43±0.06 
1.8 17.66 280.7 - 0.44±0.04 
 
5.2.1.4.2 – Ultraviolet Fluorescence Microscopy 
 
Figures 5.28(a-d) shows the cracking damage sustained in Hexoloy-SiC after DW impact 
tests at 0.6 kg (93.6 J/mm
2
), just before the DOP curves start to diverge, and at 1.35 kg (210.5 
J/mm
2
), the maximum recorded load. From the images, it is clear that the most severe 
cracking damage is associated with residual craters generated at higher impact loads/energy 
densities. Measurements of the outermost and innermost diameters of the ring-cracked 
regions in both impressions reveal no significant change at either load. Instead, the most 
substantial difference in cracking is observed beyond the ring-cracked region. Here, the 
fracture patterns around the 0.6 kg impact site include one deep arching-crack as well as two 
hairline arching-cracks. Conversely, the impression generated at 1.35 kg is characterised by 
the presence of multiple deep arching-cracks together with areas in which the subsurface has 
been exposed due to partial chipping. Such a contrasting fracture response with increasing 
load is made even more apparent when compared to the cracking damage sustained in Pad-
SiC after DW impact tests at the same 0.6 kg load and at a higher maximum impact load of 
1.8 kg (280.7 J/mm
2
). 
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Fig. 5.28: Representative UVFM images of the cracking in Hexoloy-SiC after DW impact 
tests performed at: (a-b) 0.6 kg, and (c-d) the maximum recorded load 1.35 kg. 
 
As shown in Fig. 5.29(a-d), the cracking damage in both impressions shows no noticeable 
difference. Measurements of the outermost and innermost ring-crack diameters confirm this 
to be the case, both impressions having measured values of ~270 µm and ~480 µm 
respectively. Moreover, the length, seeming depth and number of arching-cracks outside the 
ring-cracked regions in both impressions appears to be similar. The most notable differences 
in cracking are found by cross-comparing the two silicon carbide materials. Regardless of the 
DW impact load, Pad-SiC exhibits noticeably less cracking damage compared to Hexoloy-
SiC. This is despite the maximum impact energy density experienced by Pad-SiC being 70.2 
J/mm
2
 higher. In the 0.6 kg impressions, whilst crack measurements made using Fig. 5.28(a) 
and Fig. 5.29(a) show that the total length of the arching-cracks in both Hexoloy-SiC and 
Pad-SiC are similar, at ~3 mm, the average area of the ring-cracked region is ~40% larger in 
Hexoloy-SiC. This 40% difference in the average area of the ring-cracked region is also 
found to be the same in the impressions generated at the higher impact loads. 
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Fig. 5.29: Representative UVFM images of the cracking in Pad-SiC after DW impact tests 
performed at: (a-b) 0.6 kg, and (c-d) the maximum recorded load 1.8 kg. 
 
A comparative assessment of the SEM images in Fig. 5.30(a-b) also reveals that Hexoloy-SiC 
contains a denser distribution of ring-cracks across this area as well as more radial cracks. 
Unlike the 0.6 kg impressions, there is a recognisable difference in the amount of cracking 
damage generated beyond the ring-cracked regions in both Hexoloy-SiC and Pad-SiC. In 
Pad-SiC, only three relatively short arching-cracks are observed, whereas Hexoloy-SiC 
exhibits numerous, much longer arching-cracks that appear to be deeper and are bordered by 
large areas of fragmentation. Furthermore, the 1.35 kg Hexoloy-SiC impression also exhibits 
multiple radial cracks, whereas Pad-SiC only has one. 
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Fig. 5.30: SEM images of the ring-crack region resulting from DW impact tests in: (a) 
Hexoloy-SiC, and (b) Pad-SiC. 
 
5.2.2 – Discussion  
 
5.2.2.1 – Quasi-static Contact Performance 
 
5.2.2.1.1 – The Effect of Pressure-Assisted Sintering on the Plastic Deformation Response of 
Silicon Carbide Ceramics 
 
Based on the data in Table 5.10, there is only a ~2.3% difference in the HPSR values of 
Hexoloy-SiC and Pad-SiC. Adjusting these HPSR values for porosity can reduce the difference 
further to ~1.7%. However, regardless of the values used, the quasi-static plastic deformation 
response of Hexoloy-SiC and Pad-SiC is, essentially, the same. This is not all that unexpected 
given that the average intercept length measurements indicate a comparable grain size 
between Hexoloy-SiC and Pad-SiC. Therefore, the result above is well-aligned with the 
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conclusions drawn for both heterogeneous alumina and silicon carbide ceramics. To confirm, 
once the hardness has been adjusted in order to account for porosity, the only microstructural-
controlled mechanism by which the resistance to plastic deformation is modified in 
monolithic ceramics is the grain size. 
 
5.2.2.1.2 – The Effect of Pressure-Assisted Sintering on the Fracture Response of Silicon 
Carbide Ceramics 
 
In reviewing the a1 values in Table 5.10, Hexoloy-SiC and Pad-SiC should exhibit relatively 
similar amounts of cracking during indentation. However, as shown in Fig. 5.22(a-f), the 
indents generated in Pad-SiC would appear to have experienced more cracking damage 
compared to the indents of Hexoloy-SiC. This behaviour is incompatible with the a1 values. 
There are three possible explanations for this: 
 
1. The a1 values derived using to the PSR model are incorrect. 
2. The amount cracking in both Hexoloy-SiC and Pad-SiC is the same, it is only 
distributed differently. 
3. The cracking in Pad-SiC does not contribute to the a1 value. 
 
Considering that the trends displayed by the a1 values in previous chapters have consistently 
been a strong indicator of the cracking damage behaviour experienced during indentation, we 
will assume in the following analysis that the a1 values for these two silicon carbide ceramics 
are reasonably accurate. In addition, total crack length measurements of the indents in Fig. 
5.22(a-f) show that Pad-SiC contains up to 55% more cracks compared to Hexoloy-SiC. 
Consequently, we reject the argument that the extended length of the radial cracks in 
Hexoloy-SiC offsets the profuse, localised cracking displayed by Pad-SiC such that the total 
amount cracking damage in both silicon carbide ceramics is the same and, thus, in alignment 
with the a1 values in Table 5.10.  
 
Based on such conclusions, the most likely cause of the incompatibility between the a1 values 
and the cracking damage displayed by Pad-SiC is that such cracking, or, more specifically, 
the 55% extra cracking displayed by Pad-SiC compared to Hexoloy-SiC, does not contribute 
to the a1 value. In order for the a1 value to be affected by the cracking damage experienced 
during indentation, a fracture-based mechanism must be in place which influences the ISE by 
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enlarging the size of the impression with increasing load. If no mechanism exists, then there 
will be no change to the a1 value used to quantitatively indicate cracking damage. In 
accordance with such a notion, one possibility is that the additional cracking experienced by 
Pad-SiC occurs on unloading. It is well-established that on removal of the indenter elastic 
recovery will take place. During this process, new cracks will develop, most notably lateral 
cracks [66, 69], and, along with existing cracks, may continue to propagate for extended 
periods after a test has been performed [356]. Therefore, it is not unreasonable to suggest that 
additional cracking could have occurred on unloading in Pad-SiC. If so, then the lack of 
downward pressure during cracking would mean that any enlargement of the indent size 
could not occur and, thus, the ISE and corresponding a1 values would not change. Why this 
unloading effect would be displayed by Pad-SiC and not by Hexoloy-SiC is unclear. 
However, the intergranular fracture mode displayed by Pad-SiC in an otherwise transgranular 
material would suggest that the manufacturers of Pad-SiC have engineered the grain 
boundary in order to induce preferential de-bonding. The most common approach to achieve 
this in silicon carbide is to introduce substantial quantities of sintering aids [126, 284, 357, 
358]. As mentioned in section 5.1.2.1.3, the difference in CTE between the sintering aids and 
the silicon carbide phase leads to the generation of substantial residual tensile stresses at the 
interface boundary. It is these residual tensile stresses that weaken the grain boundary and 
promote intergranular fracture. Depending on the CTE of the sintering aids added, the 
residual tensile stresses at the grain boundary of Pad-SiC could be large enough that they 
induce extensive and spontaneous fracturing on unloading. This behaviour is unable to extend 
to Hexoloy-SiC because Hexoloy-SiC does not have a weak grain boundary, displaying 
transgranular fracture. 
 
5.2.2.2 – Dynamic Contact Performance 
 
5.2.2.2.1 – The Effect of Pressure-Assisted Sintering on the Dynamic Contact Damage 
Response of Silicon Carbide Ceramics 
 
In reviewing the DW data in Fig. 5.26, it is clear that the DOP curve of Hexoloy-SiC begins 
to deviate away from the DOP curve of Pad-SiC at an impact energy density of 116.9 J/mm
2
, 
the DOP in Hexoloy-SiC increasing appreciably up to an impact energy density of 210.5 
J/mm
2
. In considering the identical hardness values estimated for Hexoloy-SiC and Pad-SiC, 
a result of the comparable grain sizes, it would seem reasonable to assume that fracture-based 
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deformation is the dominant contributor to the differences in DOP displayed by Hexoloy-SiC 
and Pad-SiC at higher impact energy densities. Such speculation is supported by the UVFM 
images in Fig. 5.28(c-d) and Fig. 5.29(c-d) and the micrographs in Fig. 5.30(a-b), where 
deeper DW penetration depths are associated with more severe cracking damage, both inside 
and outside the ring-crack region, in Hexoloy-SiC compared to Pad-SiC. A comprehensive 
analysis of the differences displayed in the fracture patterns of Hexoloy-SiC and Pad-SiC 
show that: 
  
1. No micro-cracks were present at the impression surface of either sample.  
2. The size and crack densities of the ring-cracked regions in both Hexoloy-SiC and 
Pad-SiC did not change with increasing impact loads/energy densities and deeper DW 
penetration depths. 
3. The most noticeable change in cracking damage, both with increasing impact 
loads/energy densities and between Hexoloy-SiC and Pad-SiC, were observed beyond 
the ring-cracked region. 
 
Such findings would suggest that the macro-scale arching-cracks are the most significant 
contributors to the DW penetration depths of silicon carbide ceramics, a result consistent with 
the conclusions made in section 5.1.2.2.1. Consequently, it is likely that the differences in 
DOP displayed in Fig. 5.26 are governed by the suppression of arching-crack development in 
Pad-SiC, attributable to the materials higher fracture toughness. Further study is required to 
fully understand of the mechanism by which this occurs. 
 
What these results also demonstrate is that the low velocity impacts of our scaled-down DW 
tests are capable of differentiating seemingly identical ceramics with indistinguishable 
mechanical properties. In addition, our findings further support claims that the 
dynamic/ballistic-scale contact damage performance of ceramics cannot be predicted based 
on quasi-statically derived properties alone.  
 
5.2.3 – Summary 
 
In this section of this chapter, we have studied the quasi-static and dynamic contact damage 
performance of two seemingly identical, ballistic-grade silicon carbide armour ceramics, one 
densified using pressureless-sintering and the other through hot-pressing. To summarise: 
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 Based on the largely comparable HPSR and corresponding a2 values (~2% difference), 
differences in the quasi-static plastic deformation response of Hexoloy-SiC and Pad-
SiC have been deemed negligible. Adjusting the HPSR values for porosity has only 
further solidified such a conclusion, decreasing the difference in hardness to just 
1.7%. Further microstructural support has also been provided by the fact that 
Hexoloy-SiC and Pad-SiC have near-identical grain sizes. 
  
 Differences in the a1 values, although slightly larger at ~8%, were also initially 
deemed insignificant. However, qualitative analysis of the corresponding indents 
under SEM found that Pad-SiC had experienced substantially more cracking during 
indentation. It is speculated that such a contrasting crack response is the result of a 
change in fracture mode from that of transgranular in Hexoloy-SiC, the fracture mode 
typically exhibited by silicon carbide ceramics, to intergranular in Pad-SiC, inducing 
by weakening the grain boundary. 
 
 During dynamic DW impact tests across a varying load regime, the DOP was found to 
increase at higher impact energy densities, specifically those >116.9 J/mm
2
. For 
Hexoloy-SiC, the rate at which the DOP increased with increasing impact energy 
density was far greater compared to Pad-SiC. Given the identical plastic deformation 
response of Hexoloy-SiC and Pad-SiC, it was concluded that fracture-based 
mechanisms governed the contrasting DOP behaviour in these two silicon carbide 
ceramics. Following the analysis of fracture patterns generated during DW impact 
tests, it is believed that arching-cracks likely play the most important role in the DOP 
differences displayed by Hexoloy-SiC and Pad-SiC at higher impact energy densities. 
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Chapter 6 – Quasi-static and Dynamic Contact Performance of 
Alumina/Silicon Carbide Nanocomposites 
 
6.1 – Varying Additions of Silicon Carbide Nanoparticles 
 
6.1.1 – Experimental Results 
 
6.1.1.1 – Grain Structures, Microstructural Features and Densities 
 
Based on the etched microstructures depicted in Fig. 6.1(a-f), it is clear that with increasing 
volume percentages of silicon carbide the matrix-alumina grain structure fluctuates from a 
relatively fine, equiaxed structure to a more elongated, heterogeneous structure before 
reverting to a fine, equiaxed grain structure again. The measured aspect ratios give 
quantification to this trend in Table 6.1, which show a gradual increase from 1.46±0.3 in HP 
0vol% to a maximum aspect ratio of 1.78±0.61 in 1vol% and back down to a 1.33±0.24 in the 
20vol% sample. The average measured grain size is the smallest for HP 0vol% at 0.55±0.07 
µm and steadily increases to 0.93±0.25 µm for 0.3vol%, 2.59±0.39 µm for 1vol% and 
3.29±0.6 µm for 5vol%, before dropping again to 2.22±0.25 µm for 10vol% and 1.41±0.24 
µm for 20vol%. It is worth mentioning that the microstructural variations observed in the 
alumina/silicon carbide nanocomposites in this study are consistent with those in the 
literature [313, 314, 315]. Such changes are believed to be attributable to; the agglomeration 
of the silicon carbide nanoparticles, their subsequent inability to enter the matrix 
grains/propensity of sit along grain boundaries, and the altering of energy requirements for 
grain boundary diffusion and grain boundary mobility that follows. Confirmation of this 
nanoparticle agglomeration in the samples used throughout this work can be found by 
examining the D50 data in Table 6.1, which shows continual increases in size with further 
quantities of silicon carbide. A comparative analysis of the etched microstructures of 1vol% 
and 10vol% also highlights the transition from individual silicon carbide nanoparticles being 
predominately located inside the grains (Fig. 6.1(d)) to large agglomerates mostly situated 
along grain boundaries and at triple junctions (Fig. 6.1(f)).  
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Fig. 6.1: Representative microstructures of: (a) pressureless-sintered and (b) hot-pressed 
monolithic alumina and nanocomposite samples containing silicon carbide nanoparticle 
additions of: (c) 0.3vol%, (d) 1vol%, (e) 5vol%, (f) 10vol%, (g) 20vol%. 
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Table 6.1: A summary of the measured grain sizes, aspect ratios and densities of the 
pressureless-sintered and hot-pressed alumina samples and the alumina/silicon carbide 
nanocomposites. 
Sample 
(vol%) 
Average 
Intercept 
Length (µm) 
Aspect 
Ratio 
Nanoparticle 
D50 (nm) 
Density 
(g/cm
3
) 
Theo. 
Density 
(%) 
PS 0 5.01±0.07 3.39±1.62 - 3.796 96.1 
HP 0 0.55±0.07 1.46±0.30 - 3.916 99.1 
0.3 0.93±0.25 1.58±0.44 122.1 3.908 99 
1 2.59±0.39 1.78±0.61 145.7 3.921 99.5 
5 3.29±0.6 1.49±0.38 167.2 3.874 99 
10 2.22±0.25 1.38±0.39 195.2 3.827 98.7 
20 1.41±0.24 1.33±0.24 265.2 3.709 97.6 
 
 
 
Fig. 6.2: Grain size distribution plots for pressureless-sintered and hot-pressed monolithic 
alumina and nanocomposite samples. 
 
Given that the silicon carbide nanoparticles have a lower theoretical density, at 3.21 g/cm
3
, to 
that of the alumina matrix, at 3.95 g/cm
3
, the reductions in the measured density seen across 
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the nanocomposites, in general, still results in near-full theoretical densities of between 98-
99%. The biggest difference is between PS 0vol% and HP 0vol%, the theoretical density 
increasing by ~3% with the application of pressure during sintering. 
 
6.1.1.2 – Quasi-static Contact Performance 
 
6.1.1.2.1 – Vickers Indentation 
 
 
 
Fig. 6.3: The hardness-load data for the alumina ceramics and alumina/silicon carbide 
nanocomposites with different volume percentages of silicon carbide dispersants. The curves 
of best fit, highlighting the ISEs, follow an exponential function. 
 
The HV-load curves for the monolithic alumina ceramics and the alumina/silicon carbide 
nanocomposites are displayed in Fig. 6.3 together with the corresponding numerical values in 
Table 6.2. It is evident from the graph that both the monolithic alumina samples and the 
alumina/silicon carbide nanocomposites experience an ISE of varying degrees. From 0.5 N 
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upwards, this involves a declining HV with increasing load until ~20 N, where each sample 
appears to plateau. Simultaneous to all this, there seems to be an increase in the measured HV 
with increasing volume percentages of silicon carbide nanoparticles. This apparent hardening 
is best demonstrated across the 20-40 N load regime. Here, PS 0vol% exhibits the lowest 
average HV of 15.31 GPa, a substantial reduction compared the values calculated for the hot-
pressed samples which display incremental increases of 17.26 GPa for HP 0vol%, 17.39 GPa 
for 0.3vol%, 17.93 GPa for 1vol%, 18.68 GPa for 5vol%, 19.12 GPa for 10vol% and 19.82 
GPa for 20vol%. This equates to a difference of 12.7% between PS 0vol% and HP 0vol%. 
However, the difference between HP 0vol% and 20vol% is 14.8%. Such improvements, and 
the role of hot-pressing and the introduction of nano-sized silicon carbide particles in them, 
are discussed in further detail below. 
 
Table 6.2: Vickers hardness values at loads of 0.49-39.23 N accompanied by uncertainties of 
one standard deviation for the pressureless-sintered and hot-pressed alumina samples and the 
alumina/silicon carbide nanocomposites. 
Load 
(N) 
PS 
0vol% 
HV (GPa) 
HP 
0vol% 
HV (GPa) 
0.3vol% 
HV (GPa) 
1vol% 
HV (GPa) 
5vol% 
HV (GPa) 
10vol% 
HV (GPa) 
20vol% 
HV (GPa) 
0.49 20.58±0.3 22.06±0.9 22.97±0.8 22.95±0.3 22.95±0.4 23.02±0.9 23.07±0.7 
0.98 19.96±0.5 20.85±0.6 20.86±0.3 21.05±1.1 21.46±0.4 22.22±1.1 22.91±0.3 
1.96 19.16±0.8 20.17±1.5 20.01±1.1 20.52±0.6 21.07±0.3 21.97±0.8 22.74±0.6 
2.94 18.42±0.7 19.41±1.4 19.58±0.5 20.14±0.5 20.93±0.6 21.45±0.5 21.91±0.7 
4.90 17.95±0.5 19.15±0.9 19.38±0.6 20.00±0.2 20.72±0.4 21.02±0.4 21.28±0.6 
9.81 17.40±1.1 18.50±0.6 18.69±0.4 19.51±0.3 20.06±0.3 20.68±0.5 21.20±0.3 
19.61 15.94±0.3 17.35±0.3 17.48±0.4 18.05±0.3 18.68±0.3 19.11±0.7 19.86±0.2 
24.51 14.96±0.3 17.18±0.6 17.25±0.3 17.85±0.2 18.62±0.1 18.99±0.2 19.87±0.4 
29.42 15.25±0.4 17.24±0.2 17.29±0.2 17.83±0.2 18.63±0.2 19.08±0.3 19.75±0.6 
39.23 15.09±0.7 17.25±0.8 17.54±0.4 18.01±0.3 18.78±0.2 19.31±0.4 19.78±0.4 
 
 
Given that all the nanocomposites have a similar HV value at 0.5 N of ~23 GPa, drops in HV 
also reduce with increasing silicon carbide content. 0.3vol% has the largest drop of 5.58 GPa, 
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whilst 20vol% has the lowest at just 3.25 GPa. Meanwhile, the decline in HV for PS 0vol% of 
5.27 GPa is larger than that of HP 0vol% at 4.81 GPa. 
 
6.1.1.2.2 – Vickers Indentation Modelling – Meyer’s Law  
 
Table 6.3: A summary of the n and A parameters determined using the Meyer’s Law together 
with the a1, a2 terms according to the PSR model and load-independent hardness values for 
the pressureless-sintered and hot-pressed alumina samples and the alumina/silicon carbide 
nanocomposites. 
 
Table 6.3 displays the outcomes generated by fitting the data in Table 6.2 using Meyer’s Law 
and shows a trend of increasing n values, signifying a reducing ISE, with increasing 
quantities of silicon carbide. The biggest sequential difference of 1.6% is seen between PS 
0vol% and HP 0vol%. Meanwhile, a similar change is also noted between HP 0vol% and 
20vol%. 
 
6.1.1.2.3 – Vickers Indentation Modelling – PSR model 
 
By fitting the same curves using the PSR model, comparable tendencies in the resultant a1 
and a2 terms are highlighted. For example, the decreasing values of the a1 term with 
increasing silicon carbide content are in good agreement with the n exponents derived using 
Meyer’s Law, both being consistent with a reducing ISE. The most dramatic change in a1 is 
observed between PS 0vol% and HP 0vol%, a substantial 10.86 N/mm or 29.9% drop. More 
Sample 
(vol%) 
Meyer’s Law  Proportional Specimen Resistance Model 
n A  a1 (N/mm) a2 (N/mm
2
) HPSR (GPa) 
PS 0 1.86 42.24  36.34±6.4 7649.53±161 15.60 
HP 0 1.89 46.04  25.48±3.0 8868.28±80 17.50 
0.3 1.89 45.93  25.26±3.7 8957.12±99 17.66 
1 1.90 47.28  24.90±4.2 9255.86±113 18.22 
5 1.91 48.94  22.54±4.0 9696.21±110 18.95 
10 1.91 49.57  22.89±4.5 9931.36±126 19.42 
20 1.92 50.83  21.51±3.4 10299.41±97 20.05 
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gradual changes are seen across the nanocomposites, the difference between HP 0vol% and 
20vol% being only 3.97 N/mm or 15.6%.  
 
Variations in the a2 term and the load-independent HPSR values appear to be much more 
significant, with regular increases in value relatable to higher volume percentages of silicon 
carbide nanodispersants. Once again, PS 0vol% has the lowest HPSR of 15.60 GPa. A 
considerable jump is then seen to 17.50 GPa for HP 0vol%, followed by incremental 
increases all the way up to a maximum HPSR of 20.05 GPa for 20vol%.  
 
6.1.1.2.4 – Observations of Indentation-Induced Damage 
 
Based on the SEM images in Fig. 6.4(a-r), observations of fracture patterns surrounding the 
Vickers indents generated on each sample reveal a substantial reduction in near-surface 
cracking with the adoption of pressure-assisted sintering, PS 0vol% and HP 0vol% exhibiting 
the biggest change in visible cracking damage. By comparison, further variations between HP 
0vol% and the nanocomposite materials are rather indistinguishable. Despite the surface 
cracks observed in Fig. 6.4(a-r) only providing an indication of the subsurface fracturing 
underneath the indents, these images would suggest a strong correlation between the a1 
values in Table 6.3 and the cracking damage generated during the indentation process. At 
both low and high loads, PS 0vol% exhibits extensive, often intricate, cracking within the 
residual impression as well as a number of secondary radial cracks. Even at the lowest load of 
0.5 N, see Fig. 6.4(a), cracks are present within the indent, and there are signs of early-stage 
fragmentation. Across the higher load-regime, fragment damage is frequent, an indication of 
large-scale, subsurface lateral cracking. In contrast, HP 0vol% shows no cracks at the lowest 
load of 0.5 N. Furthermore, at the higher loads, only moderate cracking damage can be seen 
within the residual impression together with a select few radial cracks mainly emanating from 
the corners of the Vickers indent. With the introduction of nano-sized silicon carbide 
particles, close analysis shows that cracks become straighter and less convoluted, attributable 
to the change in fracture mode first reported by Niihara et al from intergranular, in the 
monolithic ceramic, to transgranular, in the nanocomposite [214, 215, 359]. No significant 
change in the number of cracks was noted. 
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Fig. 6.4: Selected indents made on PS 0vol% (a, g, m), HP 0vol% (b, h, n), 1vol% (c, i, o), 
5vol% (d, j, p), 10vol% (e, k, q), and 20vol% (f, l, r) at the following loads: (a, b, c, d, e, f) 
0.49 N, (g, h, i, j, k, l) 9.81 N, (m, n, o, p, q, r) 39.23 N. 
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6.1.1.2.5 – Cr3+ Fluorescence Spectroscopy of Cross-sectioned Vickers Indents 
 
 
 
Fig. 6.5: Cr
3+
 fluorescence maps depicting the dislocation densities across the cross-sectioned 
surface of 2 kgf Vickers indents generated on: (a) Schematic representation of the scan 
location (b) PS 0vol%, (c) HP 0vol%, (d) 0.3vol%, (e) 1vol%, (f) 5vol%, (g) 10vol%, and (h) 
20vol%. In all cases, 0,0 = centre of indent. 
 
Maps, quantifying the subsurface dislocation densities of each sample based on the resolved 
broadening of the R1 fluorescence peak, are presented in Fig. 6.5(a-h) together with 
maximum calculated dislocation density values in Table 6.4. From such data, it is evident 
that, for all samples, dislocations densities are mostly concentrated around the tip region and 
rapidly degrade with distance away from the point of contact to a value close to the reference 
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value measured at the fracture surface. Based on the calculated maximum values listed in 
Table 6.4, a trend exists of increasing dislocation density with greater quantities of silicon 
carbide nanoparticles. This is a contradictory finding to the previous work performed by Wu 
et al, which showed no significant change in alumina/silicon carbide nanocomposites 
containing 1vol%, 5vol% and 10vol% silicon carbide at Vickers indentation loads of 1 kgf 
[339]. Note, in the work of Wu et al, fluorescence scans were made across the in-plane of the 
Vickers impression as opposed to the cross-sectioned subsurface of the indent.  
 
 
 
Fig. 6.6: The maximum dislocation density (black diamonds) and maximum biaxial residual 
stress (red squares) detected as a function of silicon carbide content. 
 
Based on the results graphically represented in the Fig. 6.6, despite having substantially 
different HPSR values, PS 0vol% and HP 0vol% have comparable maximum dislocation 
densities at ~1.35×10
16
 m
-2
 and ~1.15×10
16
 m
-2
 respectively. With the addition of just 
0.3vol% silicon carbide, there is an immediate and noticeable increase to ~2.27×10
16
 m
-2
. 
Subsequent changes are more gradual, with the maximum dislocation density being 
~3.00×10
16
 m
-2
 for 1vol%, ~4.17×10
16
 m
-2
 for 5vol%, ~4.12×10
16
 m
-2
 for 10vol%, and 
~5.59×10
16
 m
-2
 for 20vol%.  
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Fig. 6.7: The ΔFWHM across the cross-sectioned surface of 2 kgf Vickers indents generated 
on: (a) PS 0vol%, (b) HP 0vol%, (c) 0.3vol%, (d) 1vol%, (e) 5vol%, (f) 10vol%, and (g) 
20vol%. In all cases, 0,0 = centre of indent. 
 
It is worth emphasising at this point that whilst the size of the dislocation regions in Fig. 
6.5(a-h) becomes larger with increasing additions of silicon carbide, the size of the broadened 
region, or the affected area, in maps depicting the ΔFWHM, is the same irrespective of 
silicon carbide content. This is demonstrated in Fig. 6.7(a-g). However, as shown in Fig. 
6.5(a-h), despite having similar sized affected areas, the nanocomposites containing higher 
amounts of silicon carbide have more dislocations present inside this region, thus leading to 
higher dislocation densities. 
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Corresponding measurements of the maximum biaxial residual stresses, depicted as maps in 
Fig. 6.8 and presented as peak values in the graph in Fig. 6.6 and in Table 6.4, are all 
compressive and become gradually more compressive with higher amounts of silicon carbide.  
 
 
 
Fig. 6.8: The biaxial residual stress maps of the cross-sectioned surface of 2 kgf Vickers 
indents generated on: (a) PS 0vol%, (b) HP 0vol%, (c) 0.3vol%, (d) 1vol%, (e) 5vol%, (f) 
10vol%, and (g) 20vol%. In all cases, 0,0 = centre of indent. 
 
As shown in Fig. 6.6, the resultant trend is, essentially, the inverse of that displayed by the 
peak dislocation densities. This is to be expected as the generation of dislocations induces a 
strain on the lattice, higher dislocation densities prompting greater strains. Thus, if the 
constraints established by the surrounding environment are the same, this leads to a higher 
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residual stress. The maximum peak residual stress of -2823 MPa was detected in 20vol%, the 
lowest result out of all the nanocomposites was detected in 0.3vol%, and the minimum peak 
residual stress of -870 MPa was found in HP 0vol%. 
 
Table 6.4: A summary of peak dislocation densities and peak residual stresses in the 
pressureless-sintered and hot-pressed alumina samples and the alumina/silicon carbide 
nanocomposites. 
Sample (vol%) Peak Dislocation Density Peak Residual Stress (MPa) 
PS 0 1.35×10
16
 -1021 
HP 0 1.15×10
16
 -870 
0.3 2.27×10
16
 -1432 
1 3.00×10
16
 -1501 
5 4.17×10
16
 -1789 
10 4.12×10
16
 -2310 
20 5.59×10
16
 -2823 
 
6.1.1.3 – Fracture Toughness 
 
6.1.1.3.1 – Hertzian Indentation  
 
For the Hertzian fracture loads, we cite the results of a previous study where Hertzian 
indentation was performed, employing a 5 mm diameter alumina sphere, on the same HP 
0vol% and 5vol% specimens as those presented throughout this chapter [233]. With the 
author’s permission, such data is re-presented in Fig. 6.9 as a cumulative 
probability/indentation fracture load diagram.  
 
Based on the minimum fracture loads (Pmin), the KIC of each sample have been determined 
and are listed in Table 6.5 along with other data measured using a 10 mm alumina sphere. By 
comparing the KIC data, it is clear that, despite moderate increases in the absolute values with 
increasing ball size, there is little variation from the monolithic alumina sample to the 
nanocomposite material. Therefore, in the rest of our analysis, we assume that the KIC is 
largely the same across the entire range of nanocomposite materials tested in this study.  
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Fig. 6.9: The cumulative probability of ring-crack generation during Hertzian indentation 
using a spherical indenter with a 5mm diameter for HP 0vol% (circular symbols) and 5vol% 
(square symbols) [233]. 
 
Table 6.5: The minimum fracture loads and fracture toughness values for HP 0vol% and 
5vol% determined using spherical indenters of 5 mm and 10 m diameters. 
Material 
Ball Indenter 
Diameter (mm) 
Pmin (N) KIC (MPam
1/2
) 
HP 0vol% 
5 314 3.09 
10 632 3.10 
5vol% 
5 391 3.33 
10 729 3.45 
 
6.1.1.4 – Dynamic Contact Performance 
 
6.1.1.4.1 – 3D Optical Microscopy 
 
As shown in Fig. 6.10, crater depth measurements, taken from the extracted surface profiles 
of the 3D optical microscopy images in Fig. 6.11, reveal an increase in the indenter 
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penetration with further additions of silicon carbide. Such increases appear to follow a non-
linear relationship with HP 0vol% having the lowest depth of 0.154 µm, 5vol% with a mid-
range averaged depth of 0.602±0.25 µm and 10vol% with the highest averaged depth of 
2.23±0.46 µm. Note, the depths of penetration measured for the nanocomposite samples are 
relatively small compared to those of the other monolithic materials. This is because, due to 
the limited size of the samples tested, a load of only 0.15 kg was used during these DW tests.  
 
 
 
Fig. 6.10: The average measured cavity depths of 0.15 kg DW impressions generated on the 
surface of HP 0vol%, 5vol% and 10vol%. 
 
Error bars of plus and minus one standard deviation have been displayed for 5vol% and 
10vol%, but not for HP 0vol%. This is because after multiple tests on the HP 0vol% sample, 
only one impression remained intact. The other impacts resulted in fracture-dominated 
failure, even at 0.15 kg. Conversely, DOP measurements made for 5vol% and 10vol% 
nanocomposites are an average of 5 DW hits. The nanocomposites tendency to display more 
ductile-based deformation meant that the samples never suffered from the same 
catastrophically brittle effects as the HP 0vol% sample. 
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Fig. 6.11: 3D optical microscopy maps of the residual impressions resulting from a 0.15kg 
DW impact in: (a) HP 0vol%, (b) 5vol%, and (c) 10vol%.  
 
6.1.1.4.2 – Ultraviolet Fluorescence Microscopy 
 
Examining Fig. 6.12(a-c) reveals a distinct shift in regards to the fracture patterns that have 
developed during DW tests in all three samples. Regarding the ring-crack formations, the 
innermost ring-crack diameters display no real trend, being measured at 270 µm for HP 
0vol%, 284±6 µm for 5vol%, and 278±7 µm for 10vol%. Conversely, the outermost ring-
cracks show an increase in diameter with greater additions of silicon carbide nanoparticles, 
being measured at 477 µm for HP 0vol%, 521±12 µm for 5vol%, and 555±31 µm for 
10vol%. As demonstrated in Fig. 6.12(a-c), in conjunction with the expanding size of the 
ring-crack region, the density of ring-cracks also increases across this area, an observation 
particularly noticeable between HP 0vol% and 5vol%. Higher silicon carbide contents also 
appear to lead to the development of multiple radial cracks which emanate through the ring-
cracked region and away from the point of initial contact.  
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Fig. 6.12: UVFM images of the fracture patterns that form during DW impact tests in: (a) HP 
0vol% (b) 5vol%, and (c) 10vol%. 
 
As shown in Fig. 6.12(a), HP 0vol% does not contain any visible radial cracks, whereas, in 
Fig. 6.12(b-c), the number of radial cracks increases, 5vol% exhibiting three and 10vol% 
containing six. Note, the radial cracks included in this analysis were those emanating out into 
the surround areas and away from the main ring-cracked region. However, multiple short 
radial cracks are seen in amongst the concentric ring-cracks. In addition to the increased 
radial cracking that occurs, there is also a reduced presence of arching-cracks. In Fig. 6.12(a), 
the two arching-cracks in HP 0vol% have extended enough that they almost encircle the 
residual crater. Meanwhile, in Fig. 6.12(b), 5vol% only has one arching-crack covering half 
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the impression. Finally, in Fig. 6.12(c), it is clear that there are no arching-cracks present in 
10vol%. 
 
 
 
 
 
Fig. 6.13: SEM images of the ring-crack region resulting from DW impact tests in: (a) HP 
0vol% (b) 5vol%, and (c) 10vol%. 
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6.1.1.4.3 – Cr3+ Fluorescence Spectroscopy 
 
 
 
Fig. 6.14: In-plane 2D Cr
3+
  fluorescence maps of surface scans made over a quarter of a 0.15 
kg DW impression depicting residual stresses in: (a) HP 0vol%, (b) 5vol%, and (c) 10vol%. 
In both cases, 0,0 = centre of cavity. 
 
The results from in-plane Cr
3+
 fluorescence spectroscopy scans are plotted as 2D maps in Fig. 
6.14(a-c) and Fig. 6.15(a-c). From the biaxial residual stress distributions in Fig. 6.14(a-c), it 
is evident that HP 0vol% and 5vol% maintain an area of high compressive stress located just 
at the centre of the crater, which gradually degrades to a level of neutrality at a radius of ~150 
µm. Meanwhile, the region of compression in 10vol% is more widespread, spanning the 
majority of the scanned area. Nevertheless, 10vol% remains consistent with the other samples 
in that the highest levels of compression are still situated at the centre of the crater, 
presumably where the immediate force of the impact is endured.  
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Dissimilarities between all three samples are found in the calculated values for the biaxial 
residual stresses. The maximum measured biaxial compression is -571.0 MPa in 10vol%, -
524.9 MPa in 5vol%, a decline of 8%, and -289.2 MPa in HP 0vol%, a 45% drop. This trend 
does not correspond well with the maximum tensile stresses, which fluctuate from 168.1 MPa 
in 10vol% to 525.1 MPa for 5vol% and back down to 180.3 MPa for HP 0vol%.  
 
 
 
Fig. 6.15: 2D Cr
3+
 fluorescence maps of in-plane surface scans made over a quarter of a 0.15 
kg DW impression depicting dislocations densities in: (a) HP 0vol%, (b) 5vol%, and (c) 
10vol%. In both cases, 0,0 = centre of cavity. 
 
As shown in Fig. 6.15(a-b), the fluorescence maps, portraying the calculated dislocation 
densities over the same area, reveal part of a ring of dislocation peaks with a radius of 150-
200 µm in HP 0vol% and both nanocomposites. This is consistent with the previous data 
collected from DW tests performed at higher loads and on monolithic ceramics. By 
comparing the determined values for the dislocation densities across this ‘band’ of peaks, we 
see an increase with the introduction of silicon carbide nanoparticles to the alumina matrix. In 
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HP 0vol%, the calculated dislocation densities are in the order of 10
12
 with a peak value of 
1.86 × 10
13 
m
-2
. Meanwhile, both nanocomposite have calculated dislocation densities in the 
order of 10
13
 with a peak value of 4.39 × 10
14 
m
-2
 for 5vol% and 5.96 × 10
14 
m
-2
 for 10vol%. 
This would suggest that the increased DOP exhibited by the nanocomposite is at least 
partially influenced by ductile subsurface activities.  
 
 
 
Fig. 6.16: Dislocation density as a function of depth resulting from Cr
3+
  fluorescence line 
scans made down the centre of cross-sectioned DW impressions. 
 
Figure 6.16 shows the results from subsurface line scans performed over a cross-sectioned 
DW impression in each sample. Such scans were made down the centre of each impression 
and to a depth of 450 µm. From the data presented, three trends are observed: 
 
1. The size of the deformation region becomes larger with increasing silicon carbide 
content as dislocations are activated nearer the contact surface.  
2. The deformation runs slightly deeper in the nanocomposite samples compared to the 
pure alumina sample.  
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3. Higher calculated dislocation densities are observed consistently across the entire scan 
in the samples containing larger quantities of nano-sized silicon carbide particles. 
 
6.1.2 – Discussion  
  
6.1.2.1 – Quasi-static Contact Performance 
 
6.1.2.1.1 – The Effect of Pressure-Assisted Sintering on the Plastic Deformation Response of 
Alumina Ceramics 
 
In evaluating the HPSR and corresponding a2 data listed in section 6.1.1.2, the largest 
incremental change of 12.1% is observed between PS 0vol%, with a HPSR value of 15.6 GPa, 
and HP 0vol%, with a HPSR value of 17.5 GPa. Close analysis of the two primary 
microstructural characteristics associated with such a change in the plastic deformation 
response reveals notable disparities in both porosity levels and grain sizes between the two 
samples.  
 
Following the same analysis employed in Chapters 4 and 5, adjusted HPSR values, negating 
the effects of porosity on the measured hardness results, are estimated to examine the change 
in plastic deformation response due to variations in grain size. In accordance with eq. (4.11), 
the AdjHPSR for PS 0vol%, containing 3.9% porosity, increases from an original value of 15.6 
GPa to an adjusted value of 17.53 GPa. Meanwhile, with relatively low porosity levels of 
<1%, HP 0vol% only sees a marginal change from 17.5 GPa to 17.95 GPa. In comparing the 
AdjHPSR values of PS 0vol% and HP 0vol%, a difference of 2.3% (0.41 GPa) is noted. This 
result is lower than anticipated given the grain size of PS 0vol% is 10× larger than that of HP 
0vol%, larger grain structures typically reducing the hardness of ceramics. Nevertheless, the 
trend is supported by the fact that PS 0vol% has a peak dislocation density, taken from the 
Cr
3+
 fluorescence scans made over the cross-sectioned 2 kgf Vickers indents, 17% higher 
than that of HP 0vol%. This would confirm that PS 0vol% has a lower resistance to plastic 
deformation, correlating well with the lower AdjHPSR displayed by PS 0vol%. Moreover, the 
relative similarity of the dislocation density values for PS 0vol% and HP 0vol% confirms that 
porosity has no effect on the plasticity-mechanisms prevalent in ceramics i.e. dislocation 
nucleation and glide/twinning, and only has a superficial effect on the plastic deformation 
response by increasing the size of the residual impressions generated during indentation.  
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6.1.2.1.2 – The Effect of Nanoparticle Reinforcements on the Plastic Deformation Response 
of Alumina/Silicon Carbide Nanocomposites 
 
With the introduction of silicon carbide nanodispersants, smaller, incremental increases in the 
HPSR and corresponding a2 values are experienced in the alumina/silicon carbide 
nanocomposites. As shown in Table 6.6, by converting the HPSR values of each sample into 
porosity adjusted values, the same trend as seen in the HPSR values, of increasing hardness 
with higher volume percentages of silicon carbide, is also displayed across the AdjHPSR 
values. 
 
Table 6.6: A summary of the HPSR values, the porosity levels used to calculate the AdjHPSR 
values and the AdjHPSR values for the pressureless-sintered and hot-pressed alumina samples 
and the alumina/silicon carbide nanocomposites. 
Sample Porosity (%) HPSR (GPa) AdjHPSR (GPa) 
PS 0vol% 3.9 15.6 17.54 
HP 0vol% 0.9 17.5 17.95 
0.3vol% 1 17.66 18.16 
1vol% 0.5 18.22 18.22 
5vol% 1 18.95 19.49 
10vol% 1.3 19.42 19.97 
20vol% 2.4 20.05 21.23 
 
As discussed in Chapter 2, one of the mechanisms proposed by Nakahira and Niihara [324] 
was that hardness increases in alumina/silicon carbide nanocomposites are attributable to the 
presence of a harder silicon carbide phase and, thus, should follow the linear rule of mixtures. 
However, as demonstrated in Fig. 6.17, the AdjHPSR values in Table 6.6 do not produce a 
trend that is consistent with the linear relationship expected. This would suggest that the 
hardness of the samples in this study do not comply with the rule of mixtures. Based on such 
findings, we do not believe that the rule of mixtures provides a robust explanation for the 
increasing AdjHPSR values in Table 6.6. 
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Fig. 6.17: The AdjHPSR values compared against the hardness values resulting from the rule 
of mixtures as a function of silicon carbide content.   
 
In adopting the general order of logic presented previously, the increases in AdjHPSR values 
should be a direct result of variations in grain size. However, ceramic nanocomposites 
containing particulate reinforcements are believed to undergo a refinement of the 
microstructure [214, 215, 334, 360, 361]. It has been well-established that, similar to grain 
boundaries, intragranular silicon carbide nanoparticles can impede gliding dislocations, 
causing them to bow [362]. Therefore, in terms of the plastic deformation behaviour, the 
microstructure is refined in so much as the dispersion of silicon carbide nanoparticles inside 
the alumina matrix grains introduces additional interacting microstructural features for 
dislocations/twins beyond that of just the grain boundaries. Given that intragranular silicon 
carbide nanoparticles are located inside alumina grains, the distance between one silicon 
carbide nanoparticle and another must be shorter than the distance from one grain boundary 
to another. Consequently, in the alumina/silicon carbide nanocomposites, the size of the 
alumina matrix grains is not a dominant parameter in controlling the resistance to plastic 
deformation, the spacing between silicon carbide nanoparticles being of greater importance. 
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With this in mind, we believe that two interrelated, nanoparticle-induced mechanisms are 
capable of controlling the plastic deformation response of alumina/silicon carbide 
nanocomposites. The first mechanism involves the dislocation density. In unreinforced 
alumina, the primary mode of deformation under external loading is basal twinning [233, 
363]. Here, twins initiate at points of high stress, typically at the contact surface or near grain 
boundaries, and grow through the grain until they hit the adjacent grain boundary. In the 
alumina/silicon carbide nanocomposites, nanoparticles prevent twins gliding whilst 
simultaneously acting as nucleation sites for dislocations caused by the thermal misfit 
between the alumina (αT = ~8.9 × 10
-6
 K
-1
) and silicon carbide constituents (αT = ~4.4 × 10
-6
 
K
-1
). This effectively means that the activation energy necessary for dislocation nucleation is 
reduced about the nanoparticles due to the residual stresses present. As the volume 
percentage of silicon carbide nanoparticles dispersed throughout the alumina matrix 
increases, two changes occur: 
 
1. The number of nanoparticles per grain increases.  
2. The spacing between individual nanoparticle decreases. 
 
Considering this and based on the typical response of the nanocomposites under external 
loading, more dislocations are activated during indentation in the nanocomposites containing 
larger quantities of silicon carbide nanoparticles. Furthermore, the reduced nanoparticle 
spacing that is inevitable with increasing silicon carbide content will cause the dislocations 
that are activated to occupy a smaller area. Such hypothesis is confirmed in the Cr
3+
 
fluorescence spectroscopy maps in Fig. 6.5(a-h), which show larger dislocation densities in 
the nanocomposites with increased volume percentages of silicon carbide nanoparticles. 
However, traditionally, higher dislocation densities are associated with a lower resistance to 
plastic deformation and, thus, lower hardness materials. Yet, the opposite trend is displayed 
in Fig. 6.3, where the nanocomposites containing more dislocations have higher hardness 
values. Therefore, a second mechanism is necessary.  
 
The second mechanism involves the hindrance of slip due to interactions between 
dislocations and impeding nanoparticles distributed throughout the microstructure. Based on 
such a principle, we propose that the dispersed nanoparticles capacity to resist the motion of 
dislocations is the underlying cause of variations in the measured HV values displayed in Fig. 
6.3 and the calculated AdjHPSR values in Table 6.6. The critical shear stress needed for this to 
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occur is dictated by the lattice spacing of the nanoparticles within the alumina matrix, L, and 
controlled by the silicon carbide particle size (inversely-proportional) and volume percentage 
(proportional). The maximum critical shear stress, τ, needed to bypass silicon carbide 
nanoparticles is given by [362]: 
                                 
        
L
b
                 (6.1) 
 
where µ is the shear modulus, b is the Burgers’ vector and L can be calculated as follows: 
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Here, ƒ represents the volume fraction and r is the radius of the particles. In following 
Tabor’s approximation:  
 
                                                       663 0HH y                                               (6.3) 
 
where H0 is the AdjHPSR of PS 0vol% and σy is the yield stress,. Equation (6.1) can be 
substituted into eq. (6.3) to provide us with the predicted hardness values, H, based on the 
volume fraction of silicon carbide nanoparticles and their size: 
 
                                                            






L
b
HH

60                          (6.4) 
 
These have been plotted in Fig. 6.18 for nanodispersants sized between 25-300 nm. The 
previously calculated AdjHPSR results have been applied to observe their correlation with the 
predictions.  
Chapter 6 –Results and Discussion for Alumina/ Silicon Carbide 
207 
 
 
 
Fig. 6.18: Predicted hardness values for nanoparticle diameters of 25-300 nm as a function of 
silicon carbide content. 
 
If we postulate that the silicon carbide nanoparticles are equally sized and homogeneously 
distributed throughout the matrix, then we would expect the AdjHPSR data to satisfy the 
predictions precisely. However, despite the AdjHPSR results being a relatively good fit with 
the hardness predictions for particles of 150 nm size, we must address the realities of ceramic 
powder processing. Given that the starting nanoparticles were initially 90 nm in diameter, it 
would seem unreasonable to assume that they immediately agglomerate to 150 nm, especially 
at extremely low volume percentages of 0.3%. It is well known that lower volume silicon 
carbide dispersions are far more suitable for producing a uniform distribution throughout the 
matrix and have a higher probability of maintaining a particle size close to that of the original 
crystallites. Meanwhile, in higher volume percentage dispersions, the primary particles have a 
tendency to agglomerate into substantially larger, irregular clusters, also called agglomerates. 
This would explain why the predicted hardness of nanocomposites containing nanoparticles 
with a 150 nm diameter starts to deviate away from the AdjHPSR data with increasing silicon 
carbide content. Evidence for the occurrence of nanoparticle agglomeration is provided in 
Table 6.1, where the D50 increases from 122.1-265.2 nm. 
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Table 6.7: A summary of the input values used to predict changes in the hardness of ceramic 
nanocomposites with increasing silicon carbide content. 
Sample 
(vol%) 
D50 
(nm) 
r 
(nm) 
f  
(%) 
L  
(nm) 
μ 
(GPa) 
b 
(nm) 
τ  
(MPa)  
H0 
(GPa) 
H 
(GPa) 
PS 0 - - - - 150 0.476 - 17.50 17.54 
0.3 122.1 61.05 0.003 560.0 150 0.476 127.5 17.50 18.31 
1 145.7 72.85 0.01 399.2 150 0.476 178.9 17.50 18.61 
5 167.2 83.6 0.05 198.5 150 0.476 359.7 17.50 19.70 
10 195.2 97.6 0.1 143.7 150 0.476 497 17.50 20.52 
20 265.2 132.6 0.2 100.2 150 0.476 712.5 17.50 21.82 
 
By adopting the same model, but where r varies based on the nanoparticle D50, new 
predictions are established, the input values of which are presented in Table 6.7. Represented 
in Fig. 6.18 as the green dashed line, the results show that the hardness predictions may be 
altered based on the silicon carbide nanoparticle size and distribution. While not a perfect fit, 
the D50 data does provide predictions that are remarkably close to the plotted AdjHPSR results. 
Unlike with the predictions for nanoparticles sized at 150 nm only, the plotted trend even 
deviates at higher silicon carbide volume percentages. This confirms that the hardness is 
affected by the agglomeration and distribution of the nanodispersants in the nanocomposites. 
We believe that with further study into nanoparticle agglomeration rates, it should be possible 
to formulate an accurate model of hardness for ceramic nanocomposites.  
 
6.1.2.1.3 – The Effect of Pressure-Assisted Sintering on the Fracture Response of Alumina 
Ceramics 
 
By reviewing the a1 data featured in Table 6.3 and the SEM images in Fig. 6.4(a-r), the most 
substantial decrease in the indentation-induced cracking is between PS 0vol% and HP 0vol%.  
 
Table 6.8: The hardness and fracture toughness values used to determine the minimum flaw 
size at which cracking may be initiated in PS 0vol% and HP 0vol%. 
Sample AdjHPSR (GPa) KIC (MPa·m
1/2
) P
*
 (N) C
*
 (μm) 
PS 0vol% 17.54 3.10 0.28 1.4 
HP 0vol% 17.95 3.10 0.26 1.3 
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As shown in Table 6.8, calculations of the C
*
 reveals no significant difference between the 
two samples. Consequently, a more likely contributor to the decrease in indentation-induced 
cracking between PS 0vol% and HP 0vol% is a change in the size of pre-existing flaws. As 
discussed in previous Chapters, the flaw populations of ceramic microstructures can differ 
based on variations in grain size and porosity levels. Therefore, the 10× increase in grain size 
between HP 0vol% and PS 0vol% should mean that the finer grain structure of HP 0vol% 
possesses a narrow flaw size distribution (higher flaw density of smaller flaws), whilst the 
coarser grain structure of PS 0vol% possesses a broad flaw size distribution (lower flaw 
density, but of much larger flaws) [255]. Assuming the previous assessment is true, it is 
possible that HP 0vol% has fewer flaws than PS 0vol% from which cracks may be initiated 
during indentation. This is then compounded by the fact that PS 0vol% contains ~3% more 
porosity than HP 0vol%, lower density ceramics having been shown to retain wider flaw size 
distributions and larger flaws [364]. 
 
Based on such findings, it is not unreasonable to suggest that the increased cracking damage 
exhibited around indents in PS 0vol% is a direct consequence of the higher density of larger 
flaws that exist as a result of the larger grain size and higher porosity levels in the 
microstructure. 
 
6.1.2.1.4 – The Effect of Nanoparticle Reinforcements on the Fracture Response of 
Alumina/Silicon Carbide Nanocomposites 
 
The introduction of silicon carbide nanoparticles to the matrix results in more moderate 
reductions in the a1 with increasing silicon carbide content. Based on the SEM images in Fig. 
6.4(a-r), this translates into largely identical cracking around the indents in the 
nanocomposite materials. This would suggest that the elimination of porosity through the use 
of pressure-assisted sintering has been more influential than the introduction of a silicon 
carbide nano-phase in reducing the cracking damage generated during indentation. The 
relatively marginal 15.5% change in the a1 values seen between HP 0vol% and 20vol% is 
believed to be the result of small variations in the KIC, both the difference in a1 and the KIC 
(10 mm ball size) between HP 0vol% and 5% being ~10-11%. Any additional difference can 
be attributed to the nanoparticle-induced flaw refinement experienced by the nanocomposites, 
as described by Sternitzke et al [320]. However, this should be largely insignificant as the 
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refinement of flaws mainly affects the larger scale-lengths of the flaw size range (c ≥ 25 μm), 
flaws too large to impact on the indentation fracture displayed in Fig. 6.4(a-r). 
 
6.1.2.2 – Dynamic Contact Performance 
 
6.1.2.2.1 – The Effect of Nanoparticle Reinforcements on the Dynamic Contact Damage 
Response of Alumina/Silicon Carbide Nanocomposites 
 
From the DW test data, the main point of interest is the increased DOP that occurs in the 
nanocomposites containing greater amounts of nano-sized silicon carbide. Based on the 
images in Fig. 6.12(a-c) and Fig. 6.13(a-c), such behaviour coincides with a discernible 
increase in ring-crack and radial crack formations, as well as a reduction in arching cracks. At 
present, we are unable to provide a conclusive explanation for the increased ring-cracking 
observed in the nanocomposites. In accordance with Hertzian indentation fracture theory, 
ring-cracks are activated by surface flaws/defects in a well-defined tensile stress field just 
outside the boundary of contact [15]. Therefore, given the comparable KIC values for 
monolithic alumina and the nanocomposite, it is likely that the introduction of silicon carbide 
nanoparticles has modified the flaw population such that more ring-cracks develop during 
DW testing. However, the microstructural mechanism remains unclear. As discussed in 
Chapter 2, the literature shows that the flaw size distribution narrows in the nanocomposites. 
Based on this information, one would typically expect the ring-crack densities to decrease in 
the nanocomposite materials, not increase. One possible explanation could be that this 
improvement is countered by the increase in porosity observed across HP 0vol% and 10vol%. 
However, the change is only ~0.4%. Therefore, we are hesitant to suggest that the changes in 
porosity are sufficient enough to cause the multiplication of the ring-cracks displayed in Fig. 
6.13(a-c). In terms of the radial cracks that develop during DW testing, Evans and Wilshaw 
[69] have stated that, based on their observations of overloaded quasi-static Hertzian 
indentation tests, these are a strong indicator of plastic deformation. This is consistent with 
the Cr
3+
 fluorescence maps of DW impressions in Fig. 6.15(a-c) and Fig. 6.16(a-c), both of 
which show that the nanocomposites, containing multiple, long radial cracks, have higher 
dislocation densities over larger deformation regions compared to the monolithic alumina 
which displays no radial cracks. We speculate that the nanocomposites propensity to exhibit 
such ductile behaviour is also the reason there are fewer arching-cracks in the 
nanocomposites, the result of a dampening effect. Details about the specific mechanisms are 
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undefined. However, it is possible that the stress wave that propagates through the 
nanocomposite materials during impact experiences: 
 
1. Impedance due to the presence of evenly-distributed, hard silicon carbide 
nanoparticles [365]. 
2. A loss of energy that is absorbed by the crystal lattice in the activation of dislocations 
and slip [366]. 
 
This reduces the capacity of the stress wave to activate flaws and initiate arching-cracks in 
the nanocomposite like those identified in pure alumina.  
 
In referring back to the Cr
3+
 fluorescence maps in Fig. 6.15(a-c) and Fig. 6.16, deeper DW 
penetration depths correspond with higher dislocation densities in the nanocomposite 
materials. This is a particularly significant finding as the trend is the complete opposite of 
that exhibited in the quasi-static indentation tests, where higher dislocation densities are 
associated with shallower/smaller Vickers indents in the ceramic nanocomposites. Inevitably, 
this apparent strain rate dependency on the deformation response of alumina/silicon carbide 
nanocomposites raises the question; why is there a difference and what causes it? We propose 
that under quasi-static contact conditions, the longer time periods over which the shear stress 
is applied means that dislocations can progress over longer distances across the matrix grains. 
As discussed in detail in section 6.1.2.1.2 above, this leads to interactions between 
dislocations and the intragranular silicon carbide nanoparticles distributed throughout the 
microstructure, the impedance that results increasing the critical shear stress needed for slip 
following an inverse relationship with the inter-particulate spacing. Conversely, under 
dynamic conditions, the transient nature of the shear stress means that it is not applied for 
long time periods, only allowing for short dislocation gliding. Consequently, limited 
interactions between dislocations and the adjacent silicon carbide nano-dispersants can occur, 
meaning the impedance mechanism described for quasi-static loading does not apply and the 
critical shear stress for slip does not increase. Instead, plastic deformation continues to occur 
by generating new dislocations, a process that is easier in the nanocomposites than in the 
monolithic alumina due to the reduced activation energy for dislocation nucleation around the 
nanoparticles, and short order slip. As a result, the higher dislocation densities inside the 
nanocomposites have the same effect as they do in the pure alumina and are an indication of a 
lower resistance to plastic deformation and a lower hardness, thus explaining the deeper DW 
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indenter penetrations observed in the nanocomposites of higher silicon carbide contents. 
Evidence to support this hypothesis is presented in the TEM analysis on alumina samples 
subjected to high-velocity dynamic impacts by Chen et al, where one of the principle 
conclusions made is that “the slip process by dislocation gliding seems to be resistant to 
shock loading, that is, the movement of dislocations for appreciable distance requires that the 
stress is applied for a considerable time” [169, 367].  
 
6.1.3 – Summary 
 
The quasi-static performance of two monolithic alumina, one pressureless-sintered and one 
hot-pressed, and five alumina/silicon carbide nanocomposites containing varying volume 
percentages of silicon carbide nanoparticles together with the dynamic performance of one 
hot-pressed alumina and two nanocomposites has been studied. A summary of our results is 
provided below: 
 
 In analysing the HV data exclusively for PS 0vol% and HP 0vol% using the PSR 
model, the resultant a1 values were found to drop by ~30%. This suggested that less 
cracking damage occurred in the HP 0% during indentation, a finding later confirmed 
by SEM images of indents. This change in the cracking damage response is associated 
with variations in the flaw populations of the two alumina ceramics, the flaw 
populations varying because the higher levels of porosity and the larger grain size in 
PS 0vol% relative to HP 0vol%. The HPSR and corresponding a2 values of PS 0vol% 
and HP 0vol% were also found to differ from 15.60 GPa to 17.50 GPa respectively. In 
converting these HPSR values into AdjHPSR values, the 3% porosity of PS 0vol% was 
found to be the most significant contributor to the original difference displayed by the 
HPSR values. 
  
 Variations in the a1 across the nanocomposites were found to be much more marginal, 
a drop of only ~15% seen between 0.3vol% and 20vol%. These small incremental 
differences were attributed to marginal variations in KIC. However, as confirmed by 
the SEM images, cracking in the nanocomposites is thought to be similar. As for the 
HPSR, values show incremental increases from 17.50 GPa to 20.05 GPa with greater 
silicon carbide contents. Such hardening is believed to be caused by the mass 
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nucleation and subsequent impedance of dislocations around silicon carbide particles. 
This hypothesis is supported by the increased dislocation densities in the yield region 
directly underneath the indents as measured based on the broadening of the Cr
3+
 
fluorescence spectra.  
 
 Under dynamic conditions, the introduction of silicon carbide nanoparticles to the 
alumina matrix results in deeper residual craters from 0.154 µm in the HP 0% to 
2.23±0.46 µm in the 10vol%. Such a contrasting trend compared to the quasi-static 
results is believed to be because of the limited dislocation movement that takes place 
under the transient stresses experienced during impact, resulting in insufficient 
interactions between the dislocations and nanoparticles necessary to activate the work 
hardening mechanism. Cr
3+
 fluorescence mapping confirmed the activation of 
dislocations as the predominant mechanism contributing to the greater DW indenter 
penetration depths, showing increasing dislocation densities with larger quantities of 
nano-sized silicon carbide particles. In addition, complimentary fluorescence 
measurements made directly beneath the centre of the impact site also showed that the 
subsurface yield region is deeper, the size of the deformation region is slightly larger 
and the dislocation densities are consistently higher. In terms of the cracking damage, 
surface fracture patterns that develop during DW impact tests show additional ring-
cracking, radial cracking and less arching-cracks with increasing silicon carbide 
content. Whilst the reason for this increased ring-cracking remains unclear, radial 
cracking in the nanocomposites has been associated with deeper indenter penetration. 
Meanwhile, the elimination of arching-cracks is thought to occur due to the 
dampening of the stress wave that travels through the sample upon indenter impact. 
 
 
Chapter 7 Conclusions 
214 
 
Chapter 7 – Conclusions 
 
The aim of this project was to contribute new knowledge by gaining a better understanding of 
the influence of microstructural features i.e. grain shape, grain size, porosity levels, and the 
introduction of nanodispersants, on the quasi-static and dynamic contact damage resistance of 
a broad range of structural ceramics.  
 
In this work we have successful characterised the evolution of quasi-static indentation 
damage in a range of armour ceramics and potential armour ceramic nanocomposites with 
varying microstructural features. A new approach has been adopted which separates the 
respective contributions of plastic deformation and cracking in the generation of an indent 
used to measure hardness. Independent analysis of the quasi-static plastic deformation 
behaviour of ceramics shows that grain size and porosity are the governing microstructural 
features, smaller grain sizes and lower porosity levels increasing the hardness. This has been 
shown to be the case in both alumina and silicon carbide materials. In establishing a simple 
model that adjusts the measured hardness values in order to account for porosity, grain size is 
shown to be the indominant contributor to the changes in hardness. An evaluation of the 
dislocation activity around indents has also confirmed that porosity only superficially 
enlarges the size of the residual indents used to measure the hardness and does not affect the 
plastic deformation response in so much as pores do not influence plasticity-mechanisms i.e. 
dislocation nucleation/gliding and twinning. Incidentally, grain size and shape (i.e. grain 
heterogeneity) as well as porosity levels are also instrumental microstructural characteristics 
in determining the flaw populations and residual stresses that control the amount of cracking 
damage produced during indentation. It has been proposed that such an effect is caused by 
coarser grain structures and higher porosity levels introducing higher densities of larger flaws 
and increasing residual tensile stresses at grain boundaries, thus resulting in more cracking 
damage during indentation.  
 
Through the development of a scaled-down, low-load, low-velocity, DW impact test, this 
work has also managed to expose a phenomenon after such dynamic contacts resulted in the 
generation of a residual crater in all ceramic materials tested. These impressions have been 
characterised using ultraviolet fluorescence microscopy and Cr
3+
/Al2O3 fluorescence 
spectroscopy to analyse the sub-surface cracking produced and the plastic 
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deformation/surface residual stresses underneath the contact, respectively. In doing so, two 
core damage mechanisms that contribute to the dynamic depth of penetrations have been 
identified. For the silicon carbide samples of increasing grain size and the alumina/silicon 
carbide nanocomposites, variation in the depths of the residual impressions have been shown 
to be controlled by slip processes, specifically, the restriction of dislocation glide due to the 
presence of grain boundaries or the mass nucleation of dislocations around nanoparticles. 
Conversely, for the pressureless-sintered and hot-pressed silicon carbide samples, differences 
in the depth of penetrations achieved are the result of fracture-dominated processes. 
However, it is the monolithic alumina samples that displayed the most interesting behaviour, 
with the dynamic damage mechanism transitioning from predominantly plasticity-based 
deformation to micro-crack generation and grain sliding with the increasing grain size.  
 
In general, the dynamic deformation trends and the contributing damage modes associated 
with such deformation are consistent with the changes in quasi-static behaviour observed 
with varying microstructural features, i.e. the ceramics that exhibited more cracking 
damage/a lower resistance to plastic deformation under quasi-static loading conditions tended 
to display more cracking damage/a lower resistance to plastic deformation under dynamic 
impact test conditions. However, there are a few exceptions to this. Despite hot-pressed 
silicon carbide experiencing the most severe cracking damage during quasi-static indentation, 
the opposite response was observed in the dynamic impact test results in which hot-pressed 
silicon carbide displayed significantly less cracking damage compared to its pressureless-
sintered equivalent. Moreover, under dynamic loading, the ceramic nanocomposites did not 
display the dislocation-impedance-induced hardening observed under quasi-static loading. 
Instead, the mass nucleation of dislocations in the nanocomposite materials actually 
facilitated deeper indenter penetration during DW impact tests.  
 
Based on this information, we believe that there is a strain rate dependence on the mechanical 
response displayed by certain microstructures. Consequently, there is no direct relationship 
between the behaviours and properties determined at a quasi-static level and the dynamic 
performance of ceramics. Such a conclusion not only presents new knowledge, but exposes 
the limitations of quasi-static testing and highlights the importance of testing the dynamic 
capabilities and behaviours of ceramics. To date, dynamic testing of materials has been a 
largely ignored area of interest. Yet, it pertains to so many applications for ceramics. 
Consequently, an instrumented version of the DW impact test equipment used in this study 
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could have a profound effect on a number industries including armour, aerospace, medical 
and dentistry ceramics. For the armour industry in particular, the ability to quickly and 
conveniently appraise new ceramics, with a view to potentially ballistic-testing them, based 
on their dynamic performance, whilst still in the development stage, could accelerate 
advanced ceramic research and lead to more innovative products. With that said, another aim 
of this work was to investigate whether dynamic contacts could effectively “bridge the gap” 
between quasi-static indentation and full-scale ballistic testing and, thus, provide a new 
approach to characterising and screening different ceramics and ceramic microstructures for 
improved performance. Because of limited access to ballistic test data, this still remains 
somewhat of an unknown. What can be claimed is that DW impact testing is able to 
quantitatively assess the dynamic performance of different ceramics and ceramic 
microstructures. This has been demonstrated in all materials tested, most notably in the 
pressureless-sintered and hot-pressed silicon carbide where DW tests were able to distinguish 
between two microstructures boasting identical mechanical properties. Given the 
complexities of higher strain rate impacts, it is impossible to say whether the results of these 
tests i.e. DOP, sample failure rates, qualitative observations, would translate to the ballistic-
scale. However, in a personal correspondence with Dr Chris Hampson, senior scientist and 
technical manager at Morgan Ceramics, it was stated that the penetration depths recorded for 
those samples showed a trend consistent with the collated ballistic data available at the time. 
Further research is required to validate this across all the ceramic materials tested. However, 
this is most certainly a promising outcome to the project. 
 
In addition to the conclusions above, the following are also made regarding the 
microstructural effects on both the quasi-static and dynamic contact damage behaviour:  
 
1. In general, increases in grain heterogeneity or, more specifically, in grain size and 
elongation induce broader flaw size distributions and higher residual tensile stresses, 
leading to greater amounts of cracking damage during quasi-static and dynamic 
loading. 
 
2. Grain heterogeneity has no significant impact the plastic deformation response of 
ceramics, the average grain size being of most significance. 
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3. Higher porosity levels have the most significant effect on the contact damage 
performance of ceramics. Under both quasi-static and dynamic conditions this means 
increasing indenter penetration via pore collapse i.e. an increase in pseudo-plasticity, 
and broadening of the flaw population so as to produce higher amounts of cracking 
damage. 
 
4. In introducing nano-sized ceramic particles to a ceramic matrix, the activation energy 
for dislocation nucleation is reduced. This should reduce the resistance to plastic 
deformation. However, under quasi-static loading, the impedance of dislocations by 
the nanoparticles in a similar way to the grain boundaries, leads to a net increase in 
the resistance to plastic deformation and, thus, hardening.  
 
5. This same hardening effect is not experienced under dynamic loading because, due to 
the transient nature of the shear stresses, dislocations can only glide over short 
distances.  
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Chapter 8 – Future Work 
 
Given the novel nature of the DW test technique described above, research exploiting its 
potential is very much in its infancy. Still, the results presented in this thesis provide a solid 
foundation from which future work may be performed. With that said, the following are 
suggested areas of interest for further study: 
 
1. Future work should aim to continue with the methodology established above on other 
ceramics and their microstructures. Alternative materials of interest include B4C. 
However, varying microstructures in alumina would be preferable given the ability to 
use Cr
3+
 fluorescence spectroscopy to analyse the plastic deformation response. 
Possible microstructures could include those of porous alumina, lamellar alumina 
structures, and different grades of alumina containing varying quantities of sintering 
aids. 
 
2. Although a well-substantiated argument that grain size and porosity are the primary 
microstructural characteristics which govern the hardness of monolithic ceramics has 
been presented, further evidence is needed to support the conclusion that flaw 
populations and residual stresses control the cracking damage response. Consequently, 
flaw population data needs to be gathered for the monolithic alumina samples and the 
alumina/silicon carbide nanocomposites. 
 
3. For the DW experiments, the most important task moving forward is to define the 
contact mechanics. An excellent starting point would be establishing a formula to 
determine the contact pressure, followed by an analysis of the resultant stress fields. 
Moreover, stress wave modelling could help to improve our understanding of the 
mechanisms that lead to the development of arching-cracks during DW impact tests. 
 
4. Since dislocation densities cannot be estimated through the use of spectroscopy 
techniques in silicon carbide, the possibility of using TEM to analyse the deformation 
response of the silicon carbide ceramics tested after quasi-static indentation and 
dynamic DW impact tests should be explored. 
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5. For Hexoloy-SiC and Pad-SiC specifically, micro-pillar tests, quantifying the grain 
boundary strength, could provide much insight into why Pad-SiC displays such 
extensive cracking during indentation. For more information on the grain boundary 
chemistry, TEM and the use of energy-dispersive X-ray spectroscopy (EDX) and, 
possibly, electron energy loss spectroscopy (EELS) will be required. 
 
6. Despite successfully mapping the residual crater generated in alumina and 
alumina/silicon carbide during DW impact tests using Cr
3+
 fluorescence spectroscopy, 
dislocation densities determined from such data requires verification through TEM 
analysis. The DW tests on alumina/silicon carbide, in particular, provided rather 
unexpected results based on the quasi-static properties and would appear to be an 
excellent material from which to understand changes in the behaviour of dislocations 
based on the loading conditions applied, especially in regards to dislocation glide. 
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